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Abstract 
Ferroelectric perovskite materials are nowadays one of essential components for functioning 

of many electronic parts involved with the electrical products. Since lead-containing ferroelectrics 

such as Pb(Zr, Ti)O3 (PZT) exhibit excellent piezoelectric properties, although there are concerns 

about their negative impact on the environment, they are widely used as a film or ceramic form in 

industries. Various methods have been proposed for fabricating lead-containing perovskite ceramics 

and their films, such as sol-gel reaction, spray drying, conventional solid-state reaction, chemical 

vapor deposition and hydrothermal method, etc. In this study, the film growth and powder synthesis 

for ferroelectric lead-containing perovskites fabricated using mechanical energy are evaluated using 

synchrotron-radiation X-ray diffraction (SXRD). The mechanism of film growth and the validity of 

powder synthesis have been revealed by the state-of-the-art SXRD method. 

Firstly, many studies of PbTiO3 (PT) films, which is the end members of PZT, have been 

conducted to understand the properties of non-solid-solutions. However, the mechanism of the film 

growth has not been sufficiently understood. In this work, PT film was fabricated by the aerosol 

deposition (AD) method on a glass plate to evaluate the film growth. The AD method enables us to 

coat metal or glass materials with thick and dense ceramics at room temperature (RT). In the process, 

fine powder mixed with gas, which form an aerosol, are sprayed through a nozzle to form the 

polycrystalline film. The preferred orientation along c-axis of PT AD film was detected by SXRD 

experiments at RT in the as-deposited state. According to the electron charge density distribution 

study, the tetragonal PT powder has a layered structure consisting of two-dimensional (2D) covalent 

bonding network, stacked along the c-axis at RT. We consider that the preferred orientation of the 

PT AD film is attributed to the layered characteristics. The weak bonds of PT between layers easily 

give rise to cleavage or deformation between layer-to-layer. The highest probability of 

recombination occurs when the particles of PT film recombine and grow with the unique 2D 

interfaces in the AD process, resulting in PT film exhibiting a c-axis oriented at RT without any 

post-annealing. Once the PT film was heated up to 1000 K in the paraelectric phase with the cubic 

structure, the c-axis orientation observed at the as-deposited state disappears at 1000 K and at RT 

after heating owing to the degree of freedom of the crystal axis on the phase transition. Therefore, 

we provide direct experimental evidence that the film growth is due to the layered structure of PT 

at RT. To validate the aforementioned analysis of the film growth, Bi4Ti3O12 (BiT) film deposited 

by the AD method has been studied. SXRD experiments demonstrate that the BiT film with the 

preferred orientation along the c-axis is formed not only at the as-deposited state but also at 1100 K 

and RT after heating. The electron density distribution study of the BiT powder is conducted, 

revealing that the crystal structure of BiT powder is layered structure consisting of 2D covalent 

bonding network, stacked along c-axis at RT (the ferroelectric phase) and 1100 K (the paraelectric 



phase). Thus, we concluded that the particles of PT film preferentially recombine and grow with the 

2D interface (the ab plane) at RT due to the layered structure of PT stacking along the c-axis.  

In another hand, fine ferroelectric perovskite ceramic powder, lead zirconate titanate PZT, was 

synthesized by mechanochemical solid-state reaction. Mechanochemical solid-state reaction is 

activated by mechanical energy rather than thermal energy required in the conventional process, 

thus, has attracted extensive research interest as an environmentally friendly method of synthesis at 

RT without any post-annealing. SXRD experiments were conducted to examine the validity of PZT 

synthesis from a mixture of PbZrO3 (PZ) and PT powders by the mechanochemical solid-state 

reaction using dry ball milling at RT. The starting powder is consisting of a mixture of PZ and PT 

powders with a molar ratio of 1 : 1. Based on the observation of scanning electron microscope-

energy dispersive X-ray spectroscopy (SEM-EDX), the red (PT powder) and green (PZ powder) 

were transformed into yellow area in the ball-milled samples. To confirm the yellow area was 

composed of PZT phase or a mixture of fine PZ and PT particles, the crystal structure of the ball-

milled samples have been successfully investigated by analyzing the SXRD data using the Rietveld 

method, revealing that the yellow in SEM-EDX is composed of PZT phase. The powder synthesis 

by mechanochemical solid-state reaction was mostly completed in a considerably short time of 4 h. 

In the 8 h sample, only a single phase of PZT with a composition of Pb(Zr0.485(1)Ti0.515(1))O3, can be 

detected. Considering that there is almost no composition deviation in the ball milling process, we 

hypothesize that PZT with any Zr/Ti composition we want can be synthesized by changing the molar 

ratio of PZ and PT powders.  

In addition, the spontaneous lattice strain of PT film deposited by the AD method at RT is 

smaller than that of the starting powder. However, the phase transition temperature (TC) is 100 K 

higher than that of the powder in the first heating process from the as-deposited state. It has been 

found that the PT film fabricated using mechanical energy stabilizes the ferroelectricity up to higher 

temperature, although the spontaneous polarization is suppressed. Similarly, the spontaneous lattice 

strain of PZT ceramic powder fabricated using mechanical energy is significantly smaller than that 

of PZT ceramic fabricated using thermal energy, and resembles a cubic structure even at RT. 

Additionally, the TC is 100 K higher than that of PZT ceramic fabricated using thermal energy in the 

first heating process from the as-synthesized state. Therefore, we consider that ferroelectric 

materials fabricated using mechanical energy mainly may have common properties of low 

ferroelectricity but higher TC. 
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Chapter 1 

Introduction 

1.1 Mechanochemical solid-state reaction 

Mechanochemical reaction was originally invented to improve the mechanical properties of 

alloys, such as strength and wear resistance, which are achieved by mechanical activation derived 

from mechanical forces.[1,2] The widely accepted definition of mechanochemistry is that the 

mechanochemistry is the branch of chemistry that studies the chemical and physicochemical 

changes in various aggregation produced by mechanical activation energy.[1] The 

mechanochemical reactions produce changes in the composition, morphology or structure of the 

reactants. The process of mechanochemistry is complicated, including the accumulation of defects, 

forming new surface and recombination, etc. Several theories and models have been considered in 

the past years to understand the mechanism of the mechanochemical reaction, such as hot-spot 

theory, the magma-plasma model, the theory of short-living active centers and kinetic model, etc. 

Although the reaction temperature of mechanochemical solid-state synthesis is at room temperature, 

the theoretical simulation revealed that this process is not only in mechanical but also in combination 

with thermal activation.[1] They suggest that the surface atoms of particle powder generate 

instantaneous high temperature and pressures under the mechanical forces of other powders or 

media. 

Subsequently, the mechanochemical solid-state reaction was introduced in the synthesis of 

organic,[3,4] polymer,[5] and oxides,[6,7] etc. In particular, this method has been widely used in 

the synthesis of complicated oxides because of its advantages of room temperature reaction and free 

post-treatment. The synthesis of perovskite compounds has attracted extensive interest due to the 

unique dielectric, piezoelectric, ferroelectric and thermoelectric properties of lead-based perovskite 

materials such as PbTiO3, PbMg1-xNbxO3 and Pb1-xSrxTiO3.[1,8] There are many methods of their 

synthesis, including solution-based synthesis,[7] hydrothermal process,[9] sol-gel process,[10] 

chemical vapor deposition,[11] electron/ion beam evaporation,[12] rf magnetron sputtering[13] and 

pulsed laser deposition,[14] etc. Compared to these means, the advantages of mechanochemical 

solid-state reaction are simplicity, one-step operation, low-cost and reaction at room temperature.[6-

8]  
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1.2 Ferroelectric PbTiO3 and Bi4Ti3O12 

Ferroelectric materials mean that these materials possess spontaneous polarization and will 

change their polarization direction to along the direction of electric field when were imposed by an 

external electric field.[15-18] From an energy viewpoint, ferroelectric materials directly transfer the 

electrical energy from the applied electric field to the mechanical energy we want to obtain. The 

ferroelectricity comes from the dipole and non-centrosymmetric crystal structure in the 

materials.[18] Because of the ferroelectricity, these materials can be widely used in electronic 

devices and micro-systems, such as sensors, transducers, actuators.[19-24] The first discovery of 

ferroelectric material is single crystal Rochelle salt in 1921.[18,25] Then, starting from the early 

1940s, the most important types of ferroelectric material groups were discovered, the perovskite 

group,[26] the tungsten-bronze,[27] and the Aurivillius group.[18] Here, we will introduce two 

typical kinds of ferroelectric materials, that is, perovskite PbTiO3 and Aurivillius Bi4Ti3O12.[28,29] 

Hereinafter, we briefly explain the meaning of perovskite and Aurivillius as you can see anywhere. 

Firstly, perovskite material, named from CaTiO3 mineral,[30] is one of the most widely used 

materials in modern society because of its excellent properties derived from the crystal structure 

and related electron distribution. Therefore, material with a chemical formula ABX3 usually is 

described as a perovskite material. The A and B sites, named as cation atoms, are generally occupied 

by alkaline/alkali and transition metal ions, respectively. Herein, A sites with larger ions size while 

B sites with smaller ions size. Other hand, the X sites, named as anion atoms, are oxygen ions or 

halide ions. For most perovskite materials, the prototype crystal structure is a cubic phase with 

Pm m space group. In this crystal, the A site is located at the special Wyckoff position of (0, 0, 0) 

and the related equivalent positions are occupying the eight corners of this crystal. At the same time, 

the B site occupies the body center of this crystal, (1/2, 1/2, 1/2), while six X sites occupy the face 

center of this crystal, (1/2, 1/2, 0).[28]  

On the other hand, the Aurivillius materials are the oxides with the general formula 

(Bi2O2)2+( An-1BnO3n+1)2-, which are composed of perovskite-like An-1BnO3n+1 units and Bi2O2 

layers.[31-35] Here, the A sites are alkali or alkaline earth cation ions while B sites are transition 

metal ions. Then, the details of two typical materials, PbTiO3 and Bi4Ti3O12, will be introduced in 

next section. 

 

 

1.2.1 Crystal structure and phase transition of PbTiO3 and Bi4Ti3O12 

Crystal structure and phase transition of PbTiO3 
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PbTiO3 and BaTiO3 are most typical perovskite structure ferroelectric materials up to now.[28] 

In 1950, Slater first studied the ferroelectricity of BaTiO3 and suggested that it come from the ionic 

polarization of Ti atom.[36,37] To honor the contribution of Slater, the polarization type of BaTiO3 

is named Slater mode. Since the 1990s, the important roles of the electronic structures of these 

materials in ferroelectricity has been investigated by ab initio calculations, as Cohen pointed out 

that the covalent bonding of Pb-O and Ti-O derived from the hybridizations between Pb and O and 

between Ti and O electron orbitals will lead to the polarization of PbTiO3.[38] Then, Kuroiwa et al. 

first provided experimental evidence that the Pb-O bond is covalent state in tetragonal PbTiO3 at 

room temperature. So far, there is enough information on the origin of ferroelectricity of PbTiO3 for 

our basic research and industrial applications.[28]  

The cations in perovskite structure can be widely used in the metallic elements in the periodic 

table, such as Pb, Ba, Bi, Fe, Zr, Ti, Mn, Co, Ni, Zn, etc. The cation sites (A site and B site) occupied 

by different elements exhibit different physical, chemical properties and thermal stability.[39-41] 

There are many reasons to explain this phenomenon, especially for ions radii and electron structure, 

such as valence balance and ionic/covalent states for electron structures. However, elucidating 

perovskites in terms of their electronic structure is not a quick and easy way. Therefore, the tolerance 

factor t was extracted to describe the structural stability in a simple method, providing an empirical 

formula. The ions radius of A site, B site, and O ion are labelled as RA, RB, and RO, respectively. 

According to the geometric correlation of ideal cubic phase, there is a simple relationship among 

the radius: . Then, this formula can be rewrite as follow: 

.                                 (1-1) 

The tolerance factor t[42,43] for an ideal cubic symmetry is 1. Most actual perovskite material in 

nature have tolerance factors that can’t perfectly match the value of 1 and will deviate this value. 

Explaining this deviation of the actual tolerance factor from the ideal value of 1 in terms of crystal 

distortion and octahedral skewing has a key role; crystal distortion and octahedral skewing reduce 

the geometric symmetry in the perovskite crystals. Generally, the value of the tolerance factor 

greater than 1 indicates that there is a spatial clearance around the B site, while smaller than 1 

implies that there is a spatial clearance around the A site. For the PbTiO3 perovskite, the value of 

RA, RB, and RO calculated with 12, 6, and 2 coordination, are 1.49, 0.605, and 1.35 Å, respectively. 

Thus, the value of tolerance factor t can be calculated as 1.027, which means that there is a spatial 

clearance around the B site. 

Next, crystal structure and related phase transition will be described in detail. As mentioned 

above, the prototype crystal structure of PbTiO3 is Pm  m at high temperature, and the related 

schematic diagram is shown in Fig. 1-1 (a). In this crystal structure, the lattice parameters along the 

directions of x, y, and z have the same value of about 3.98 Å. Here, the six oxygen atoms occupy 
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the equivalent positions at a cubic phase, which will lead to six Ti-O bonds in the same. Therefore, 

there is no ferroelectricity at cubic phase, which is named as paraelectricity. As the temperature 

decreases, a phase transition from the cubic to the tetragonal phase occurs at about 763 K.[44-46] 

Below this temperature of 763 K, if the position of Pb is assumed to be the original position, Ti and 

O will be displaced along the c direction, resulting in two kinds of Pb-O bonds, named Pb-O1 and 

Pb-O2, and two kinds of Ti-O bonds, also called Ti-O1 and Ti-O2, respectively. In this condition, 

the centrosymmetry in the cubic phase will be broken, leading to non-centrosymmetry in the 

electron and lattice distributions, resulting in dipoles and polarizations that exhibit ferroelectricity. 

Due to the displacement of the c direction, the lattice parameters along the x and y directions keep 

the same values, shorter than that of the c direction. To describe this special property, the 

tetragonality, i.e., the value of c/a, is extracted. Because the lattice parameter c is greater than a, the 

value of c/a usually is greater than 1. The larger value of c/a, the better tetragonality, indicating 

strong ferroelectricity. Here, the crystal structure of tetragonal PbTiO3 is P4mm shown in Fig. 1-1 

(b). At room temperature, the lattice parameter a is about 3.9 Å, while c is about 4.15 Å, indicating 

a tetragonality of about 1.065. According to the assumption, the atom position of Pb also remains at 

(0, 0, 0), while the Ti ion occupies (1/2, 1/2, 1/2 + δ), where δ means the displacement of the Ti ion. 

At the tetragonal phase, six oxygen ions split into two kinds of oxygen atoms because of the 

chemical atmosphere, named O1 and O2. Four oxygen atoms, called O2, are parallel to the ab plane 

and two O1 atoms parallel to the c direction. 

 

Fig. 1-1 Schematic image of (a) cubic and (b) tetragonal PbTiO3. 

 

As mentioned above, from high to low temperatures, the paraelectricity disappears and 

ferroelectricity appears in PbTiO3. Among this process, what should be emphasized is volume 

shrinkage in ferroelectric phase.[47,48] From room temperature to phase transition temperature, 

Curie temperature TC, the PbTiO3 material exhibits the negative thermal expansion (NTE) 

phenomenon over this wide temperature range. This special phenomenon, NTE, is an intriguing 

property in condensed matter physics and a valuable application in functional materials. According 
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to many published literatures, especially in recent years, it is revealed that the NTE comes from the 

hybridization between the 3d electron orbital of the Ti ion and the 2p orbital of O and between the 

6s orbital of Pb and the 2p orbital of O, which lead to a strong covalent bonding of Ti-O1(and Ti-

O2) and Pb-O2 and the related large polarization and ferroelectricity, resulting in the formation of 

NTE in tetragonal phase.[49,50] The stronger covalent bonds of Pb-O2 and Ti-O1 will cause a large 

NTE among the tetragonal temperature, especially when temperature is close to TC. 

The phase transition behavior of PbTiO3 perovskite is different from that of BaTiO3 and should 

be clearly pointed out here, although they are both typical perovskite materials. To clearly explain 

the difference between these two kinds of perovskite materials, a “soft mode” should be introduced. 

As the temperature cools, from the high symmetry phase (cubic phase) to the low symmetry phase 

(tetragonal phase), the phonon is softened, i.e., the fundamental vibrational frequency decreases. 

Here, the soft fundamental vibration is named “soft mode”. From physical viewpoint, there are two 

kinds of soft modes, one is at the center of the Brillioun zone, named Г15 mode, and the another one 

is at the boundary of the Brillioun zone, called M3 and R25. Here, as shown in Fig. 1-2, the notation 

of Г, M, and R means that the phonon contributions come from the corresponding reciprocal point 

in the Brillioun zone. 

 

Fig. 1-2 The center and boundary point in Brillouin zone of cubic perovskite phase. 

 

The center point of the Brillioun zone, Г15, is the optical wave mode. With the soften and frozen 

in this mode, the atomic displacement gives rise to along the direction of the c axis, that is [001] 

direction, resulting in a phase transition. In this mode, there are three kinds of displacement patterns 

along [001] direction, as shown in Fig. 1-3. As mentioned above, due to the contribution of Slater 

in BaTiO3, the phase transition from cubic to tetragonal of BaTiO3 was named Slater mode.[36] In 

Slater mode, as plotted in Fig. 1-3(a), the displacement direction of oxygen and B site ions are 

opposite along the c axis. Due to the same reason, to honor the contribution of Last and Axe in Г15 

mode, the last two patterns was called Last mode and Axe mode, respectively.[51] In the Last mode, 
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as plotted in Fig. 1-3(b), the B site ions and oxygen ions are displaced along the same direction, 

while the A site ions are displaced in the opposite direction. It is important to emphasize here that 

the displacement of the oxygen octahedron BO6 is opposite to that of the O ion because the 

displacement of B ion is shorter than that of the O ion. In the Axe mode shown in Fig. 1-3(c), the 

two kinds of oxygen, O1 and O2, are displaced in opposite directions along the [001] direction. 

 
Fig. 1-3 Atomic displacement patterns of (a) Slater mode, (b) Last mode, and (c) Axe mode when 

Г15 is soften and frozen. 

BaTiO3 is the Slater mode, while PbTiO3 is a combination of the Slater mode and the Last 

mode, which is different from BaTiO3. Due to the difference in Г15 mode during phonon softening 

and freezing, BaTiO3 and PbTiO3 show different phase transition behaviors when the temperature 

decreases from high to low. In BaTiO3, there is a successive phase transitions from the cubic to 

tetragonal, orthorhombic, and rhombohedral with temperature decreasing through 403, 278, and 198 

K.[52] However, only one phase transition for PbTiO3 gives rise to at 763 K from cubic to tetragonal 

phase. To analyze the origin of the different behavior between PbTiO3 and BaTiO3, Abe et al. 

investigated the valence charge density distribution of PbTiO3 and BaTiO3 and pointed out that the 

presence of covalent state in Pb-O2 bond and ionic state in Ba-O2 bond is due to the large electronic 

polarization in Pb derived from its lone-pair electron in p-like orbital in PbTiO3, as shown in Fig. 1-

4.[52]  
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Fig. 1-4. Schematic image of the dipole moment of the Pb atom in tetragonal PbTiO3.[52] 

 

 

Crystal structure and phase transition of Bi4Ti3O12 

Ferroelectric material Bi4Ti3O12, which has the physical properties of Aurivillius phase, has 

been reported in many studies.[35,53] In the Aurivillius phase, the perovskite-like An-1BnO3n+1 units 

and Bi2O2 layers stack along the c direction to form the crystal structure. For Bi4Ti3O12 ferroelectric 

material, the n in the formula of (Bi2O2)2+( An-1BnO3n+1)2- is 3, while A site and B site are Bi and Ti 

ions, respectively, indicating there are three units of perovskite-like in this crystal structure. The 

prototype structure of Bi4Ti3O12 is tetragonal phase with the space group I4/mmm at high 

temperature displayed in Fig. 1-5.[53] At high temperature, the mirror plane of the prototype parent 

structure is perpendicular to and through the center of the c axis, resulting in no spontaneous 

polarization along [001] direction. Since the other mirrors are perpendicular to [100] and [110] 

directions, the prototype crystal structure exhibits a paraelectric characteristic at tetragonal phase, 

which is different from PbTiO3 which has ferroelectric properties at tetragonal phase. Due to the 

stacking of perovskite-like units and Bi2O2 layers along the [001] direction, the lattice parameter cT 

is much larger than aT (bT), where the subscript “T” indicates tetragonal phase. According to the 

symmetric operation of Bi4Ti3O12 at tetragonal phase, the lattice parameter aT is equal to bT, about 

3.86 Å, while lattice parameter cT is about 33.3Å. In this condition, there are two kinds of Bi ions, 

in the ionic (labelled Bi(1)) and covalent state (labelled Bi(2)), and two kinds of Ti ions, in the 6-

fold oxygen coordination (labelled Ti(1)) and 5-fold oxygen coordination (labelled Ti(2)), 

respectively. Specially, in tetragonal Bi4Ti3O12, there are 5 kinds of oxygen ions. In Ti(1)O6 

octahedron, the four oxygen ions perpendicular to the c axis are labelled O(1) and the other two 

parallel to the c axis are labelled O(3). In Ti(2)O5 octahedron, the four oxygen ions perpendicular 

to the c axis are labelled O(5) and the other oxygen ion is labelled O(4). In Bi(2)O4 tetrahedron, 
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these four oxygen ions are labelled O(2). 

 
Fig. 1-5 Polyhedral model of tetragonal Bi4Ti3O12. 

 

As the temperature decreases from high to low, the symmetry of the crystal structure reduces 

from tetragonal with space group I4/mmm to orthorhombic with space group B2cb at about 695 ℃ 

(968 K).[35] Among this phase transition process from I4/mmm to B2cb, a complex combination of 

atomic displacements and octahedral tilting occurs, resulting in ferroelectric phase at room 

temperature. However, some evidences from group theory, first-principles calculations, symmetry 

operation analysis, and experimentally observations of high-resolution synchrotron radiation or 

high-resolution powder neutron diffraction suggest that atomic displacement and octahedral tilting 

cannot occur at the same time and reveal that an intermediate phase connecting I4/mmm and B2cb 

should exist.[53,54] Therefore, the intermediate phase presented by Qingdi Zhou et al. is the 

ferroelectric orthorhombic phase with a space group of Fmmm in a narrow temperature range of 695 

~ 670 ℃ (below Curie temperature), while the tetragonal paraelectric phase with a space group of 

P4/mbm at about 685 ℃ (above Curie temperature) is proposed by Yuanyuan Guo.[35,53] In their 

literature, the Curie temperatures determined were 695 and 675 °C, respectively, due to the different 

experimental methods of Qingdi Zhou and Yuanyuan Guo. 

Ferroelectricity with a spontaneous polarization direction along [100] direction occurs at room 
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temperature due to the displacement of Bi ions along [100] direction and the tilting of TiO6 

octahedral. The spontaneous polarization PS is about 50 μC/cm2 along [100] direction. By hysteresis 

experiments, a small PS value of about 4 μC/cm2 was observed along the [001] direction.[31] To 

explain this phenomenon, some researchers have proposed that the crystal structure of Bi4Ti3O12 is 

monoclinic at room temperature, however, J. F. Dorrian et al. suggested that the lone-pair electrons 

of Bi(1) are being reoriented to induce the polarization along c-axis.[31]  

At room temperature, the crystal structure of Bi4Ti3O12 is orthorhombic with space group of 

B2cb. The tilt of TiO6 octahedral can be notated as a-a-c0 in Glazer notation. The Glazer notation 

system describes the rotation of octahedral using three axes. For example, the a-a-c0 notation of 

Bi4Ti3O12 indicates (1) the same rotation about a-axis and b-axis and no rotation about c-axis, and 

(2) the superscript “-” exhibit the opposite rotation between the adjacent octahedral. Due to the 

characteristics of tilt of TiO6 octahedral, the aO and bO axes of the orthorhombic structure need be 

rewrite as aT + bT and aT - bT, respectively,[32] where the subscript “T” means the tetragonal phase. 

That is, the lattice parameter of orthorhombic phase,   Due to the 

different bond lengths of the Ti(2)-O(5) and Ti(2)-O(6) bonds, the oxygen labeled O(5) at the 

tetragonal phase will split into two types of oxygen labeled O(5) and O(6) at the orthorhombic 

phase.[34] To describe the degree of deviation between the lattice parameters a and b, the 

orthorhombicity factor is proposed as , where a was defined as greater than b. The value of 

orthorhombicity indicates the orthorhombic distortion, and a larger value means greater distortion. 

Generally, for Bi4Ti3O12 at room temperature, the orthorhombicity value is about . 

 

 

1.2.2 Aerosol deposition (AD) method 

Ferroelectric materials are widely used in modern society, such as ferroelectric memories, 

piezoelectric devices, micro sensors, etc. Specially in micro devices, ferroelectric material will be 

coated as thin films on the surface of these devices. In the last two decades, ferroelectric thin films 

have attracted significant interest not only in industrial applications, but also in fundamental 

research.[55-58] To meet the dramatically increasing demand for ferroelectric thin films, various 

means such as chemical, physical, and bio-physical methods have been investigated. Including 

chemical vapor deposition, physical vapor deposition, electron/ion beam evaporation, sol-gel 

method, rf magnetron sputtering, pulsed laser deposition, hydrothermal method, and metalorganic 

chemical vapor deposition, etc.[21,24,55,59-69]  

Among them, although they have many aspects of excellent performance in the deposition of 



10

ferroelectric thin films, most of them require a temperature risen to between 500 and 800 ℃, which 

constrains the rapid industrialization of ferroelectric thin film applications. Recently, Jun Akedo et 

al. developed a new method for depositing thin films or dense ceramics at room temperature using 

mechanochemical solid-state reaction without any post-heat treatment, which was named aerosol 

deposition (AD) method.[70-75]  

This mechanochemical solid-state reaction, i.e., the AD method, as shown in Fig. 1-6,[76] 

provides a synthetic method with simplicity, low-cost, solvent-free, and no heat treatment history. 

In this process, starting powders with particle sizes between submicron and several microns are first 

mixed with a gas, such as He, N2, and air, to generate an aerosol in the aerosol chamber. Next, 

accelerated by the pressure difference derived from the low pressure (0.05 ~ 2 kPa) in the deposition 

chamber caused by the vacuum pump, the aerosol is ejected at a speed of 100 to 500 m/s through a 

nozzle with a rectangular-shaped orifice of 10 mm × 400 μm size to impact vertically onto the 

substrate. The distance between the substrate and the nozzle orifice is 1 to 40 mm. At the same time, 

the substrate stable moves along the xy-stages to form a scan area, which is named deposited area. 

 
Fig. 1-6. Schematic imagine of AD method.[76]  

 

Submicron starting powders are impacted on a substrate to generate dense and hard thin films 

or ceramics at room temperature by the AD method. The grain size of as-deposited thin films or 

dense ceramics is about 100 to 200 nm, which is a great smaller than that of the starting powders. 

During this impact process, the kinetic energy is converted into thermal energy and mechanical 

energy. The thermal energy drives the temperature up, softening the surface of the particles and 

producing the plastic flow between the particles and the substrate and at the point of collision 

between the particles and the particles. At the same time, the instantaneous high-stress at the 
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collision-point exceeds the hardness of the particles, causing them to break into small pieces of grain 

sizes. Due to this process deposited at room temperature, Akedo et al. named this unique 

phenomenon “room temperature impact consolidation”.  

Since the new approach for depositing thin films by AD method is proposed by Akedo et al., 

many related researches in ferroelectric material have been investigated. Initially, Akedo et al. 

investigated the synthesis of Al2O3 and TiO2 materials by AD method. Among these two types of 

materials, Al2O3 and TiO2 AD films exhibit high strength, dense, non-porous, smooth, and 

transparent properties compared to conventional means.[71,75,77] Then, this novel method, the AD 

method, was introduced into ferroelectric materials. Crack-free piezoelectric material 

Pb(Zr0.52Ti0.48)O3 films were formed on stainless-steel and Pt/Ti/SiO2/Si substrate by the AD method, 

and their mechanical and piezoelectric properties were comparable to those of other means of film 

deposition.[78] Nano size grains PbTiO3 films with crack-free were deposited by the AD method 

and exhibited a greater high thermal stability than that of powders or bulk, indicating good 

performance for high temperature application. Also, the AD method can be used to synthesize films 

with dielectric properties, such as BaTiO3, PbTiO3, (Pb0.91La0.09)(Zr0.65Ti0.35)O3, (Bi0.5Na0.5)TiO3, 

and Bi4Ti3O12 materials. Compared to conventional methods, the AD films of BaTiO3, PbTiO3, 

(Pb0.91La0.09)(Zr0.65Ti0.35)O3, and (Bi0.5Na0.5)TiO3, have enhanced dielectric property, electro-optical 

property, and polarization property, respectively.[70,79-81]  

  Up to now, the AD films of Pb-based ferroelectric perovskite-type materials have been widely 

studied, especially PbTiO3 material.[45] One of the important reasons is to avoid the negative 

thermal expansion of PbTiO3 materials during the phase transition. Among the AD method, the 

ferroelectric thin films can be deposited at room temperature without a phase transition, which is 

different from conventional means. In conventional means, such as sintering, PbTiO3 ferroelectric 

thin films synthesized at high temperature, usually higher than 800 ℃, and then cooling to room 

temperature. However, the large volume contraction at the phase transition from cubic to tetragonal 

phase makes it difficult to avoid generating crack in PbTiO3 ferroelectric thin films. Therefore, the 

AD method has a great advantage in fabricating crack-free PbTiO3 ferroelectric films, which avoid 

the large volume shrinkage during the phase transition because it is deposited at room temperature. 

 

 

1.2.3 Purposes 

PbTiO3 ferroelectric thin films have been widely investigated, however, until now, the 

mechanism of the film growth has not been clearly revealed in PbTiO3 thin films. Due to most 

PbTiO3 thin films generated by various methods exhibit a c-axis preferred orientation, this intriguing 
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phenomenon provides a clue for us to understand the film growth. 

As shown in Fig. 1-7, XRD patterns of PbTiO3 powders, PbTiO3 thin films formed by RF-

magnetron sputtering method at 10 Pa and at 1 Pa are plotted in Fig. 1-7(a), (b), and (c), 

respectively.[82] Because the lattice a and b are the same, the ratio of the intensity of (h00) and (00h) 

should be 2:1 for randomly orientation PbTiO3 material, such as the powder sample shown in Fig. 

1-7(a). However, as shown in Fig. 1-7(c), the intensity ratio of (100) and (001) in PbTiO3 thin film 

is opposite to that of powder, that is, the intensity of the (001) diffraction peak is higher than that of 

the (100) peak. In addition, the intensity peak of the (101), (110), and (111) cannot be observed in 

PbTiO3 thin film. These observations provide evidence of the c-axis preferred orientation in PbTiO3 

ferroelectric thin film. 

This interesting phenomenon appears not only in the PbTiO3 thin film deposited by RF-

magnetron sputtering method, but also in the PbTiO3 thin films deposited by metalorganic chemical 

vapor deposition, chemical vapor deposition, pulsed laser deposition and hydrothermal methods, 

etc.[67,83-85] For instance, PbTiO3 ferroelectric thin films with (001)-orientation were synthesized 

on the substrate of LaAlO3 at 650 ℃ using metalorganic chemical vapor deposition.[83] (001)-

oriented PbTiO3 ferroelectric thin films were deposited on the Pt-coated Si wafer substrate at a 

deposition temperature between 550 and 690 ℃ by chemical vapor deposition.[84] Sun-Hwa Lee 

et al. obtained c-axis oriented PbTiO3 ferroelectric thin films formed on MgO (001) by the means 

of pulsed laser deposition.[67] In the hydrothermal method, PbTiO3 ferroelectric thin films 

synthesized on the substrate of SrRuO3 / SrTiO3 (100) at 150 ℃ also exhibit the preferred orientation 

along c-axis.[85]  

 
Fig. 1-7. XRD patterns of PbTiO3 (a) powders and thin films formed at (b) 10 Pa and (c) 1 Pa.[82]  
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This unique phenomenon, preferred orientation along c-axis, not only occur at PbTiO3 

ferroelectric thin films synthesized by various means, but also in Pb-based ferroelectric perovskite-

type materials, such as 0.67PbMg1/3Nb2/3O3–0.33PbTiO3 thin films deposited on LaNiO3-coated 

SiO2/Si substrates by the RF magnetron sputtering technique.[86] Furtherly, recently, c-axis oriented 

ferroelectric thin films also were formed in Bi4Ti3O12 material by AD method.[87] 

Due to PbTiO3 ferroelectric thin films deposited by various means exhibit the preferred 

orientation along c-axis, a strong coupled relationship between the preferred orientation and the film 

growth in PbTiO3 is naturally considered. Therefore, understanding the origin of the preferred 

orientation in PbTiO3 ferroelectric thin films is crucial to clarify the mechanism of the film 

deposition and growth in the deposited process. However, the origin of preferred orientation has not 

been effectively understood. For example, to explore the origin of this intriguing phenomenon, 

Suzuki et al. considered that the plate-shape particles of starting powders in Bi4Ti3O12 material were 

an important factor in the synthesis of c-axis oriented AD films.[87] On the other hand, from the 

viewpoint of crystal structure, Bi4Ti3O12 material also can be considered as a layered-structure 

material with alternating Ti-O layer and Bi-O layer along the c-axis. 

Therefore, in this study, we focus on the crystal structure and related charge density distribution 

in A-O bond and B-O bond to extract the physical reason why the preferred orientation along the c-

axis and then to further clarify the mechanism of film growth in PbTiO3 ferroelectric thin films and 

Bi4Ti3O12 ferroelectric thin films. The substrate of other published papers is single crystal or multi-

coated, which has a significant impact on the deposited material. To avoid this effect, we choose the 

amorphous-state glass as the substrate. Thus, PbTiO3 ferroelectric thin films are fabricated on a glass 

substrate by the AD method to evaluate the crystal structure, preferred orientation in the growth. 

Based on the same approach, Bi4Ti3O12 AD thin films were studied to examine the validity of the 

film growth mechanism in PbTiO3 AD films. The AD film is consisting of the film with several 

microns thickness and the glass substrate with several millimeters thickness. The thickness of the 

glass substrate is a thousand times higher than that of the film. In order to avoid the glass substrate 

effect during the synchrotron-radiation X-ray diffraction experiments, we peel the AD film from the 

substrate and call the film without substrate a “self-supported film” to perform a precise phase 

transition behavior experiment and study the structural characteristics. Here, we assume the self-

supported film maintains the structural characteristics of the AD film. Based on the structural 

characteristics of the AD films and the chemical bonding of the starting powders, the mechanism of 

the film growth and the preferred orientation is discussed. We comprehensively studied the 

temperature-dependence of the structural characteristics to illuminate the origin of the phase 

transition behavior of the self-supported film. 
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1.3 Piezoelectric perovskite Pb(Zr1-xTix)O3 

Piezoelectricity refers to the ability of the material with non-center-symmetry to generate either 

an electric polarization proportional to the externally applied mechanical stress (named direct 

piezoelectric effect) or a mechanical strain proportional to the externally applied electric field 

(named inverse piezoelectric effect).[18] In terms of energy conservation, piezoelectric phenomena 

refers to the transfer of energy from mechanical to electrical energy (named direct piezoelectric 

effect) or from electrical to mechanical energy (named inverse piezoelectric effect). Therefore, the 

perovskite-type material with piezoelectric property are referred to as piezoelectric perovskite, such 

as Pb(Zr1-xTix)O3, which is studied in this work. 

The first piezoelectric material is quartz discovered by Curie brothers in 1880.[18] In 

piezoelectric material, some piezoelectric and related properties are important, such as dielectric 

permittivity, piezoelectric coefficient, frequency constant, which are widely used in modern society. 

 

1.3.1 Ferroelectric PbTiO3 and anti-ferroelectric PbZrO3 

Ferroelectricity is the material with spontaneous polarization that can be reoriented along 

crystallographic directions, such as [001], [100], and [111], when stimulated by an externally the 

applied electric field. In ferroelectric materials, the delicate balance between repulsion force and 

Coulomb interaction plays a key role in the favorable or unfavorable ferroelectric state. As last 

section mentioned, PbTiO3 perovskite is a ferroelectric material in the tetragonal phase and a 

paraelectric material in the cubic phase. As the temperature decreases from cubic to tetragonal phase, 

the orbital hybridization between Pb (6s, 6p) electrons and O 2p electrons produced by Coulomb 

interactions and crystal field effects will shorten the bond length of Pb-O2 and form Pb-O2 covalent 

bonds when it is below the Curie temperature (phase transition temperature). The same phenomenon 

also occurs in Ti-O1 bond, where the hybridization between the Ti (3d, 4s) orbital electrons and O 

2p electrons under the crystal field and Coulomb interaction leads to one shorter and one longer Ti-

O1 bonds which is a strong covalent bond for the shorter Ti-O1 bond. 

The crystal structure of PbTiO3 perovskite is displayed in Fig.1-8. To clearly elucidate the 

origin of ferroelectricity in PbTiO3, the Pb-O2 covalent bond and Ti-O1 covalent bond was specially 

extracted, as shown in Fig. 1-8 (b) and (c), respectively. As can be observed in Fig. 1-8(b), the red 

and blue arrows indicate the Pb-O2 dipoles located in ac and bc planes, respectively. Since the space 

group of PbTiO3 is P4mm, where the symmetry operation "4" indicates that the 4-fold rotation axis 

is perpendicular to the ab plane, this leads to no component of the Pb-O2 dipole in the ab plane, i.e., 
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the dipole of Pb-O2 only has a component along the c axis. Thus, the direction of Pb-O2 dipole is 

along c-axis. For the shorter Ti-O1 bond, the dipole momentum is stronger than that of the longer 

Ti-O1 bond; therefore, the total dipole momentum of Ti-O1 is oriented along the direction of the 

shorter Ti-O1 dipole momentum. Meanwhile, the dipoles of Ti-O2 are canceled because of the 

symmetric operation of PbTiO3. Hence, as shown in Figure 1-8(c), the dipole of Ti-O bond can be 

reduced to the Ti-O1(the shorter one) dipole. Therefore, the dipole of PbTiO3 is along the c-axis and 

generate the spontaneous polarization oriented along [001] direction. 

 
Fig. 1-8. Ball-and-stick model of tetragonal PbTiO3. (a) three-dimensional model crystal structure 

of tetragonal PbTiO3. Two-dimensional model crystal structure of (b) Pb-O2 and (c) Ti-O1. Blue 

and red arrows in (b) and (c) indicate the dipoles.

 

Since the early 1950s, the antiferroelectricity was noted, the lead zirconate PbZrO3 with a 

perovskite-type structure attracts attention from many researchers.[88-94] Due to the perovskite 

structure, the prototype structure of PbZrO3 is Pm  m at high temperature as the same as other 

perovskites, such as PbTiO3 and BaTiO3.[95] The details of the cube structure have been described 

in the previous section and do not need to be repeated here. From high temperature decreases to low 

temperature, the crystal structure transfer from cubic with space group of Pm m to orthorhombic 

with space group of Pbam at about 505 K.[90] Meanwhile, this single-phase transition undergoes 

from paraelectric phase (cubic phase) to antiferroelectric phase (orthorhombic phase). The 

mechanism of this phase transition in PbZrO3 perovskite is remained debatable. Z. G. Fthenakis et 

al. proposed that this phase transition is associated with two lattice modes, namely, Pb ions antipolar 

vibration and oxygen octahedron tilts dynamics.[91] However, A. K. Tagantsev et al. revealed that 
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this phase transition is derived from the softening of a single lattice mode by flexoelectric 

coupling.[92]  

The phase transition from paraelectric phase to antiferroelectric phase is coupled with antipolar 

of Pb ions and the tilt of the oxygen octahedron.[90] The former leads to the splitting of Pb into two 

types Pb ions at antiferroelectric phase, labelled Pb1 and Pb2. While later leads to the splitting of 

oxygen ions into five kinds of oxygen ions at antiferroelectric phase, labelled O1, O2, O3, O4, and 

O5, respectively. Due to the complicated crystal structure in orthorhombic phase, the lattice 

parameters aO, bO, and cO are rewrite as:  , and  

respectively, where aC, bC, and cC are the lattice parameters of cubic phase (here, aC, bC, and cC are 

the same value, about 4.13 Å). Hence, the values of lattice parameters aO, bO, and cO are about aC, 

aC, and 2aC, respectively. The crystal structure of antiferroelectric phase PbZrO3 is shown in 

Fig. 1-9. To elucidate the origin of antiferroelectricity of PbZrO3 at orthorhombic phase, Fig. 1-9 (b) 

and (c) is extracted. As shown in Fig. 1-9 (b), the ball-and-stick model of Pb2-O3 was plotted in ab 

plane, where the red and blue arrows indicate dipole in different direction. Evidently, the two 

adjacent red arrows are in opposite directions, leading to zero total dipoles in red. The same 

phenomenon also occurs in the blue arrows, which means that the total dipoles in blue is zero. 

Meanwhile, as shown in Figure 1-9 (c), the Zr-O3 and Zr-O5 dipoles also exhibit the same 

characteristics of Pb2-O3 dipoles. Therefore, in the orthorhombic PbZrO3 perovskite material, the 

adjacent dipoles are oriented in opposite directions, resulting in no spontaneous polarization and 

exhibiting antiferroelectricity. 

 
Fig. 1-9. Ball-and-stick model of orthorhombic PbZrO3. (a) three-dimensional map crystal structure 
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of orthorhombic PbZrO3. Two-dimensional map crystal structure of (b) Pb2-O3 dipoles and (c) Zr-

O3 and Zr-O5 dipoles. Blue and red arrows in (b) and (c) indicate the dipoles. 

 

The ferroelectric and antiferroelectric properties show distinctly different characteristics in 

ferroelectric hysteresis loop.[18,96] As shown in Fig. 1-10 (a), a linear correlation between the 

polarization P and external applied electric field E is observed in the low electric field. This reason 

is the low electric field can’t switch the orientation of any ferroelectric domain, which is a uniformly 

polarized regions with the scales ranging from several nanometers to several ten microns. As the 

external applied electric field increases, the orientation of ferroelectric domains switch to the electric 

field direction and the polarization increases rapidly. When all domain finish switching, the 

polarization saturates and is named spontaneous polarization. While electric field decreases to zero, 

some domains are still along the electric field direction and the residual polarization is named as 

remnant polarization. However, in antiferroelectric materials, these domains have two processes of 

switching toward the electric field and two processes of rapidly increasing polarization because the 

adjacent domains are in opposite directions. In detail, at first, there is also a linear relationship 

between the polarization and electric field since the low electric field can’t switch the direction of 

any domains. Then, as electric field increases, the domains at an acute angle to the direction of the 

applied electric field switch to the electric field direction and the polarization increases rapidly. Next, 

as electric field increases further, the domains at an obtuse angle to the direction of the applied 

electric field switch to the electric field direction and the polarization increases rapidly again. 

Therefore, for antiferroelectric material as shown in Fig. 1-10 (b), there are two rapidly increasing 

polarizations, i.e., the P-E hysteresis loop exhibits double hysteresis loop characteristics. 

 

Fig. 1-10. Typical polarization hysteresis loop in (a) ferroelectric and (b) antiferroelectric 

materials.[18,96]  
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1.3.2 Synthesis of Pb(Zr1-xTix)O3 

Perovskite-type oxides have attracted the most interest among the studies of ferroelectric and 

piezoelectric materials. Remarkably, among these perovskite-type structure materials, lead zirconate 

titanate Pb(Zr1-xTix)O3 is one of the most widely used piezoelectric materials because its unusual 

ferroelectric and piezoelectric properties depend on the stoichiometric component of the Ti ions 

contained in the B-site.[97-100] The phase diagram of Pb(Zr1-xTix)O3 is displayed in Fig. 1-11, 

where the horizontal coordinate is the stoichiometric composition of the Ti ions.[99,101] As shown 

in Fig. 1-11(a), with increasing x content from 0 to 1 at room temperature, the members of perovskite 

lead zirconate titanate Pb(Zr1-xTix)O3 family will undergo successive phase transition in 

orthorhombic, low temperature rhombohedral, high temperature rhombohedral, and tetragonal 

phase, corresponding to the space groups Pbam, R3c, R3m, and P4mm, respectively.[99,102,103] In 

particular, the presence of both rhombohedral (R3m) and tetragonal (P4mm) phases in Pb(Zr1-

xTix)O3 in the narrow range of x approximately equal to 0.475 shown in Fig. 1-11(b) is defined as 

the morphological phase boundary (MPB). Notably, in this region, Pb(Zr1-xTix)O3 exhibits a very 

high piezoelectric response, since the polarization easily changes direction between [001] and [111]. 

Meanwhile, the phase transition temperature of Pb(Zr1-xTix)O3 from ferroelectric to paraelectric 

phase is between that of PbTiO3 and PbZrO3 and shows a sensitive temperature-dependence of the 

Ti content change, which implies that the composition of Pb(Zr1-xTix)O3 can be confirmed by the 

phase transition temperature read from the phase diagram. Because of these excellent piezoelectric, 

ferroelectric, and thermal stability properties, Pb(Zr1-xTix)O3 ceramics, especially those with MPB 

compositions, are one of the most typical and widely used in industrial piezoelectric-ferroelectric 

material, such as transducer, actuator, electromechanical sensor. 

 

Fig. 1-11. Phase diagram of Pb(Zr1-xTix)O3 system.[99,101] 

 

Recently, B. Noheda et al.[101] and D. M. Hatch et al.[104] pointed out that the space group 

in Pb(Zr0.52Ti0.48)O3 perovskite in the region of MPB is Cc at low temperature by synchrotron x-
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ray powder diffraction and powder neutron diffraction, respectively. As shown in Fig. 1-11(b), 

they reveal the existence of a monoclinic phase with a space group of Cc between the previously 

established tetragonal phase and rhombohedral phase. In addition, the monoclinic phase can be 

commented as a bridge between the tetragonal and rhombohedral phases due to the displacement 

direction of monoclinic structure is along the [110] direction. The crystal structure of Pb(Zr1-

xTix)O3 solid-solution system perovskite can be seen anywhere in details. For tetragonal structure 

in the Ti-rich region, the crystal structure of Pb(Zr1-xTix)O3 is similar to that of PbTiO3, and the B-

site is composed of Zr and Ti ions. 

Since Pb(Zr1-xTix)O3 has such a variety of excellent dielectric and thermal properties, the 

synthesis of Pb(Zr1-xTix)O3 ferroelectric material in simplicity, controllability, fast-reacting, one-

step operation and low-cost has been widely studied. Up to now, various methods such as sol-gel 

method, hydrothermal synthesis, high-energy ball milling method, self-propagation high-

temperature synthesis, microwave processing, and other related means, have been proposed for 

synthesizing Pb(Zr1-xTix)O3 ceramics and their films.[1,7-10,105-108] Although these methods are 

widely applied in synthesizing Pb(Zr1-xTix)O3 material, there are still some demerits need to 

overcome. For instance, sol-gel reaction needs very expensive alkoxides as the raw materials, 

which is not stable in moisture atmosphere. Most of them require a calcination at high 

temperature.[6,8,105]  

Recently, mechanochemical process has been successfully used to synthesize Pb(Zr1-xTix)O3 

ceramic powder. High pure PbO, ZrO2, and TiO2 powders as the raw materials were used to 

synthesize Pb(Zr1-xTix)O3 ceramics by means of high-energy ball milling, which is the method of 

mechanochemical reaction.[6,109] However, this process also has some imperfection, the obtained 

Pb(Zr0.52Ti0.48)O3 phase has some PbO residuals after 80 hours of ball milling.[6,109] In addition, 

they also didn’t provide evidence to explain why this component of Pb(Zr1-xTix)O3 phase is 

Pb(Zr0.52Ti0.48)O3. Nevertheless, their work exhibits an interesting clue to further investigate an 

easily controlled and low-cost mechanochemical process means to synthesize Pb(Zr1-xTix)O3 

material. Our work further considers to synthesize Pb(Zr1-xTix)O3 ceramic powder by dry ball 

milling a mixture of PbTiO3 and PbZrO3 powders as the starting powders.  

 

1.3.3 Purposes 

In this study, we synthesized Pb(Zr1-xTix)O3 ceramic powders by mechanochemical solid-state 

reaction at room temperature using dry ball milling to grind the mixture of PbTiO3 and PbZrO3 

powders with a molar ratio of 1 : 1. Synchrotron-radiation X-ray powder diffraction experiments 

were carried out to determine the structural characteristics and phase transition behavior of Pb(Zr1-
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xTix)O3 ceramic powders. Based on the diffraction patterns, crystal structure and phase transition 

behavior of Pb(Zr1-xTix)O3, the validity of the synthesis of mechanochemical solid-state reaction is 

discussed. The composition of as-synthesized Pb(Zr1-xTix)O3 has been investigated by the phase 

diagram and the crystal structure analysis using the Rietveld method. 
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Chapter 2 

Experimental method 

2.1 Sample synthesis 

 

2.1.1 PbTiO3 AD film 

The starting powders of PbTiO3 were synthesized by conventional solid-state reaction using 

73.6473 g of PbO (purity 99.99%, Kojundo Chemical Lab. Co., Ltd.) and 26.3527 g of TiO2 (purity 

99.99%, Kojundo Chemical Lab. Co., Ltd.) at 850 °C for 4 h in air after 1 h of ball milling. The 

calcined starting powders of PbTiO3 were selected a particle size about 1 μm for AD process. The 

AD film with 3−5 μm thickness was deposited on the glass substrate. The starting powder mixed 

with dried air (the carrier gas) in the aerosol chamber to form the aerosol flow, which was sprayed 

through a nozzle with rectangular shaped orifice of 10 mm × 400 μm size. The pressures in the 

deposition chamber was around 100 Pa during the deposited process. 

 

2.1.2 Bi4Ti3O12 AD film 

The Bi4Ti3O12 starting powders were synthesized by conventional solid-state reaction at 800 °C 

for 2 hours of ball milling using high quality Bi2O3 (purity: 99.9999 %, RARE METALLIC Co., 

Ltd.) and TiO2 (purity: 99.99 %, Kojundo Chemical Lab. Co., Ltd.) as the raw materials. Then, to 

obtain the Bi4Ti3O12 starting powders with non-plate-like shape, the starting powders were milled 

in ethanol for 1 hour with a planetary ball media and then dried at 80 ℃ in air. In the AD process, 

the particle size of the calcined Bi4Ti3O12 starting powders are selected to be around 1 μm. 

The Bi4Ti3O12 AD film was deposited on a glass substrate. The thickness of as-deposited AD 

film is about 5 μm. In the AD process, a mixture of Bi4Ti3O12 powders and dry air is accelerated by 

a pressure difference and ejected through a nozzle with an aperture of 10 mm × 400 μm to impact 

on the glass substrate. The pressure difference between the aerosol chamber and the deposition 

chamber was around 100 Pa. 
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2.1.3 Pb(Zr1-xTix)O3 powder 

Ceramic powders of PZ and PT with a particle diameter of approximately 1 μm were prepared 

using a conventional solid-state reaction with commercially available ZrO2 (purity: 98%, Kojundo 

Chemical Lab. Co., Ltd), PbO (purity: 99.99%, Kojundo Chemical Lab. Co., Ltd), and TiO2 (purity: 

99.99%, Kojundo Chemical Lab. Co., Ltd.) powders. These originally synthesized PZ and PT 

powders were mixed well at a molar ratio of 1 : 1 as the starting powder with ethanol and dry ball-

milled using a planetary ball mill system (P-6 classic line, Fritsch Japan Co., Ltd). Sample mixtures 

of 20 g were ball-milled in an Ar gas atmosphere for 4, 8, 16 and 32 h, where the milling was stopped 

every 30 min for cooling, and labeled as 4h PZ–PT, 8h PZ–PT, 16h PZ–PT, and 32h PZ–PT, 

respectively. A 500 mL zirconia bowl and SiC balls (mixture of 50 large balls with diameter of 10 

mm, and small balls weighting 50 g with diameter of 5 and 2 mm, respectively) were used as the 

milling media. The milling speed was set at 450 rpm.  

 

 

2.2 Synchrotron radiation X-ray diffraction 

Synchrotron radiation is an advanced high-energy light source that can be widely used for 

structural characterization and phase identification of materials at the atomic level. The synchrotron 

radiation light is produced by the deflection of relativistic particles (electrons or positrons) in a 

magnetic field.[110-114] For a third-generation synchrotron radiation light source, such as SPring-

8 in Japan,[110] the schematic diagram of synchrotron radiation generation by relativistic electrons 

under the applied bending magnet is shown in Fig. 2-1. The relativistic electrons were accelerated 

to near the speed of light and then emit the synchrotron radiation light under an applied bending 

magnetic field. Therefore, the synchrotron radiation light source has main features shown in follow: 

high intensity, ultra-bright, high pure, high degree of polarization, very broad and continuous 

spectral range, quasi-monochromatic, linearly or circularly polarized, pulsed with controlled 

intervals, and high degree of collimation. In detail, for the feature of high intensity, the intensity of 

the third-generation synchrotron radiation light is a hundred billion times higher than that of the 

laboratory X-ray light. In addition, in contrast to laser, synchrotron light is concentrated in a narrow 

direction and almost all of the light is in a parallel beam. There are many other advantages of third-

generation synchrotron light, which you can read about in detail anywhere, and we will not cover 

them here. 
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Fig. 2-1. Schematic imagine of a third-generation synchrotron radiation. Red line indicates the 

electrons accelerated to near the speed of light. Dark blue rectangle implies bending magnet. While 

the blue line means the synchrotron radiation light.  

 

 

Synchrotron radiation light sources were widely used in physical, chemical, biology and other 

fields, such as archaeology. In this study, synchrotron radiation X-ray powder diffraction experiment 

was required to collect the precise crystal structure information and electron density distribution at 

SPring-8, Japan. SPring-8 is one of the largest and most advanced third-generation synchrotron 

radiation facility in the world, located in Harima Science Park City, Hyogo Prefecture, Japan.[110] 

As shown in Fig. 2-2, the SPring-8 facility consists of several systems, including electron gun, linear 

accelerator, storage ring, and beamlines for different scientific fields. First, the electron beam is 

generated by an electron gun and then accelerated by a linear accelerator to about 1 GeV. Further, 

the electron beam is accelerated to 8 GeV in the synchrotron to obtain high energy state electrons. 

Meanwhile, the electrons with energy of 8 GeV are introduced into the storage ring. Finally, the 

synchrotron radiation light generated by high energy electrons under an applied bending magnet, as 

detailed in Fig. 2-1, is introduced into different beamline stations for different scientific fields. 

 
Fig. 2-2. Bird view of Spring-8 facility. 

 

 



24

SPring-8 BL02B2 is a beamline station for polycrystalline powder X-ray diffraction using high 

energy synchrotron light in a wide range of 12 to 37 KeV. To achieve the energy continuous change, 

the optical system consisted of a curved mirror and a double Si crystal monochromator is installed 

in BL02B2. In this optical system shown in Fig. 2-3, in order to eliminate the high-order harmonics 

and collimate the X-rays, the mirrors are composed of silicon, nickel and platinum for different 

energies up to 15.5 keV, 15.5-28.2 keV and above 28.2 keV, respectively. To improve the parallelism 

of X-rays and the energy resolution, double Si crystal monochromator is also installed in this optical 

system. At the same time, the crystal plane (111) of Si crystal is used as a standard. Even the energy 

up to 37 keV, the energy resolution ΔE/E remains around 2 10−4. According to Einstein equation, 

 , where   is Planck constant. Thus, the relationship of wavelength and energy can be 

obtained as , where c is the speed of light, unit of E is keV, and unit of  is Å. 

According to this relationship, the precise wavelength of synchrotron X-ray can be obtained by 

changing the energy state of synchrotron light. 

 

 
Fig. 2-3. Schematic view of the optical system in SPring-8 BL02B2. 

 

In the beamline station of BL02B2, a large Debye-Scherrer camera with a two-circle 

diffractometer and imaging plate (IP) is installed. As shown in Fig. 2-4, two-dimensional (2D) IP 

detector and six one-dimensional (1D) MYTHEN detectors are developed in this measurement 

system to meet the needs of different applications. In 2D IP detector system, one hand, the preferred 

orientation, impurity, and crystallization of material can be clearly characterized. On the other hand, 

combined with the maximum-entropy-method and Rietveld method, the charge density distribution 

of measured material can be visualized. There are two kinds of modes can be used in the MYTHEN 

system, namely double-step and single-step modes. For the double-step mode, this system can 

accurately determine the crystal structure due to the large range of 2θ, which ensures that sufficient 

diffraction data can be collected. For the single-step mode, due to the range of 2θ is not enough, this 

system usually is used to collect the in situ diffraction data and identify the phase transition. More 

details about synchrotron radiation X-ray powder diffraction can be found in ref [110]. 
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Fig. 2-4. (a) schematic imagine and (b) real photograph of the large Debye-Scherrer camera.[110] 

 

In general, IP mode has higher efficiency for high-energy X-rays compared to MYTHEN mode. 

For MYTHEN mode, the quantum efficiency is less than 25 % when the energy of X-rays is larger 

than 30 keV. Thus, crystal structure studies requiring high energy X-rays, such as charge density 

analysis, preferentially apply the IP detector. On the other hand, the MYTHEN mode has better 

angular resolution than that of IP mode. Notably, these two measurement systems, IP detector and 

MYTHEN detector, can be used over a wide temperature range of 25K to 1473K. 

 

 

2.3 Experimental conditions 

2.3.1 AD films and starting powders of PbTiO3 and Bi4Ti3O12 

AD films and starting powders of PbTiO3 

First, synchrotron radiation X-ray diffraction (SXRD) experiments were performed for PbTiO3 

starting powders, the self-supported films, and the AD films at the beamline BL02B2 at SPring-8. 

For PbTiO3 starting powders, they were sealed into a quartz capillary with inner diameter of 0.1 mm. 

Then, the IP data (Debye-Scherrer patterns) were collected using X-rays with a wavelength of 

0.780116(1) Å to evaluate the preferred orientation at room temperature for 5 mins. To further 

investigate this orientation behavior at high temperature condition, the temperature was elevated to 

1000 K using high-temperature N2 gas streams. To control the temperature deviation within 0.1 K 

at 1000 K, the data of Debye-Scherrer patterns were collected after waiting 5 mins when temperature 

was elevated to 1000 K. Also, after temperature cooling to room temperature again, waiting 5 mins 

to eliminate the temperature deviation and then collecting the IP data. These IP data also were 

collected 5 mins. The PbTiO3 starting powders also were determined by the six 1D MYTHEN 

detectors to collect the diffraction data using the X-rays of 0.413850(1) Å (corresponding to the 

energy with 30 keV) to study the phase transition behavior and the crystal structure. Diffraction data 
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were collected for 10 mins at room temperature, 1000 K, and room temperature after cooling, to 

analyze the crystal structures of tetragonal phase and cubic phase. Also, to control the temperature 

deviation within 0.1 K, these diffraction data at 1000 K and room temperature after cooling were 

collected after waiting 5 mins when temperature was heating to 1000 K and cooling to room 

temperature. To study the phase transition behavior, under high-temperature gas N2 gas flows, the 

temperature of PbTiO3 starting powders was elevated from room temperature to 1000 K with the 

heat rate of 20 K/min and then cooled to room temperature with the same cooling rate. The interval 

temperature ΔT of collecting diffraction data is 5 K during the heating and cooling process.  

 
Fig. 2-5. Schematic image of measured conditions of PbTiO3 (a) AD films and (b) starting 

powders and self-supported films. 

 

 

Notably, as shown in Fig. 2-5 (a), to obtain a better quality of collecting data, PbTiO3 AD films 

were set tilted 0.7° along the direction of parallel to the incident X-ray during collecting IP data. To 

investigate the behavior of preferred orientation, Debye-Scherrer patterns of PbTiO3 AD films were 

recorded on IP detectors with the X-rays of 0.780116(1) Å at room temperature for 5 mins. Furtherly, 

to evaluate the temperature-dependent of preferred orientation, Debye-Scherrer patterns of PbTiO3 

AD films were recorded on flat IP detectors for 5mins at 500 K, 700 K, 750 K, 800 K, 850 K, 900 

K, 950 K, and 1000 K, respectively. Then, during the cooling process, these Debye-Scherrer patterns 

also were recorded on flat IP detector for 5 mins at 950 K, 900 K, 850 K, 800 K, 750 K, 600 K, 500 

K, and room temperature after cooling, respectively. Among this heating and cooling process, the 

phase transition behavior of PbTiO3 AD films can be roughly determined. To confirm this phase 

transition behavior, the second heating process was performed and the IP data was collected for 5 

mins at 500 K, 600 K, 700 K, 750 K, 800 K, 900 K, and 1000 K, respectively. Also, to keep the 

temperature deviation within 0.1 K, during the cooling and second heating process, these Debye-

Scherrer patterns were also collected after waiting 5 mins when temperature was raised to the 
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measured temperature. 

To study the precise phase transition behavior and structural characteristics of PbTiO3 AD films, 

we peel the AD films from the glass substrate and call the films without substrate as “self-supported 

films”. Then, the self-supported films cut into small pieces are sealed into a quartz capillary with 

0.1 mm inner diameter. Using the X-rays of 0.413850(1) Å, the diffraction data of the PbTiO3 self-

supported films were collected for 10 mis at room temperature by the six 1D MYTHEN detectors 

to analyze the crystal structure. At high temperature 1000 K, the diffraction data of PbTiO3 self-

supported films were also collected for 10 mins. Then, to confirm the behavior of crystal structure, 

PbTiO3 self-supported films were also measured for 10 mins at the room temperature after cooling, 

at 1000 K after second heating, and at room temperature after the second cooling, respectively. 

Under high-temperature N2 gas flows, when increased or decreased temperature to the measured 

temperature, waiting 5 mins can ensure the temperature deviation within 0.1 K for these 

temperatures. Then, to further study the phase transition behavior of PbTiO3 self-supported films, 

under high-temperature N2 gas flows, temperature was increased from room temperature to 1000 K 

and then cool from 1000 K to room temperature with the heat or cool speed of 20 K/min. In particular, 

a second heating and cooling process was performed at the same heating and cooling rate of 20 

K/min in order to accurately determine the phase transition behavior of the self-supported films. 

Here, the interval temperature ΔT of collecting diffraction data is also set to 5 K. In these 

experimental conditions, due to the heavy atom in the samples, Pb, the absorption effect of X-rays 

must should not be ignored. However, since the short wavelength of the X-ray and the small 

diameter of capillary, we can ignore this absorption effect. 

 

AD films and starting powders of Bi4Ti3O12 

The measurement methods of AD films and starting powders of Bi4Ti3O12 are roughly similar 

to those of PbTiO3. Thus, the details of the experiments can be described here in a simplified manner. 

The starting powders of Bi4Ti3O12 were sealed into the quartz capillary with an inner diameter of 

0.1 mm. To explore the preferred orientation of Bi4Ti3O12 starting powders, Debye-Scherrer patterns 

were recorded on IP detectors with the X-rays of 0.799203(1) Å at room temperature and 1100 K, 

respectively. Then, the diffraction data of Bi4Ti3O12 starting powders were collected at room 

temperature, at 1100 K, and at room temperature after cooling, respectively, using MYTHEN 

detectors. These diffraction data are used to analyze the crystal structure. Phase transition behavior 

can be determined by heating from room temperature to 1100 K and then cooling to room 

temperature under the high-temperature N2 gas flows. The heating and cooling rate is 20 K/min. 

The interval temperature ΔT for collecting diffraction data is also set to 5 K.  

Next, to obtain a better quality of collecting data, Bi4Ti3O12 AD films were set tilted 1° along 
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the direction of parallel to the incident X-ray during collecting the SXRD data. Then, using the X-

rays of 0.799203(1) Å, the IP data of Bi4Ti3O12 AD films were recorded at room temperature, 1100 

K, and room temperature after cooling, respectively. Next step is changing the wavelength of X-

rays to 0.413034(1) Å to collect MYTHEN data. To analyze the crystal structure and phase transition 

behavior, Bi4Ti3O12 self-supported films were cut into small pieces and then sealed into quartz 

capillary with an inner diameter of 0.1 mm. Bi4Ti3O12 self-supported films were measured at room 

temperature, 1100 K, and room temperature after cooling, respectively. To confirm the precise phase 

transition behavior of Bi4Ti3O12 self-supported films, under the high-temperature N2 gas flows, the 

heating and cooling process were performed for two times from room temperature to 1100 K. The 

heating and cooling rate is 20 K/min. Also, the interval temperature ΔT for collecting diffraction 

data is 5 K. In these experimental conditions, the absorption effect can be ignored even with heavy 

atom Bi due to the short wavelength of X-rays and small diameter of capillary.  

 

 

2.3.2 Pb(Zr1-xTix)O3 powders 

SXRD experiments were performed using a large Debye-Scherrer camera with a multi-

MYTHEN-detector system installed at the powder diffraction beamline BL02B2 at SPring-8. The 

powder samples of PZ, PT, sintered bulk ceramic of PZT (PZT), and ball-milled PZ–PT samples 

(4h PZ–PT, 8h PZ–PT, 16h PZ–PT, and 32h PZ–PT) were sealed into quartz capillaries with an inner 

diameter of 0.1 mm. X-rays with a wavelength of 0.35 Å were used to analyze the crystal structure 

of the powder samples at RT and 1000 K in the ferroelectric and paraelectric phases, respectively. 

These experimental conditions enabled us to ignore the absorption and extinction effects while 

analyzing the SXRD data accurately using the Rietveld method. The sample temperatures were 

changed by a high-temperature N2 gas flow system and controlled within 0.1 K. The phase transition 

in the PZT and 8h PZ–PT samples was evaluated by temperature sweep measurements at 20 K/min 

during heating and subsequent cooling of the samples in the temperature range between RT and 

1000 K. For the 8h PZ–PT sample, the phase transition in the second heating/cooling cycle was 

measured to confirm the difference from that in the first heating/cooling cycle. The 2D intensity 

map as a function of the temperature was drawn based on the diffraction patterns collected every 5 

K.  
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Chapter 3 

Analysis method 

The diffraction data obtained from SXRD experiments will be studied by follow analytical 

methods. First, Rietveld refinement analysis is one of most popular and accurate method for refining 

crystal structures.[115-117] Then, combined with maximum entropy method (MEM), the 

MEM/Rietveld method can be used to investigate the charge density distribution.[28,118] Specially, 

to analyze the structure of the powders after ball milling and thin films deposited by the AD method, 

Huang-diffuse scattering was introduced in this work. Finally, the analysis of Williamson-Hall 

method was used to determine the residual strain generated during the film deposited process and 

ball milling process. 

 

3.1 Rietveld analysis 

In 1967, Rietveld proposed an original method to analyze the neutron diffraction data.[119,120] 

To honor his contribution, this new method was named Rietveld refinement. Since then, Rietveld 

method has also been used to study X-ray diffraction data, which is a powerful tool for analyzing 

crystal structures. In Rietveld refinement method, based on a given structure model that is similar 

to the material of the unknown structure, the structure parameters can be carefully refined and obtain 

a good quality fitting result. Based on this method, many information can be obtained from the 

diffraction data, such as lattice parameters, atomic position, grain size, thermal vibration, and atomic 

occupancy, etc. For the material with a multi-phase structure, this method can also determine the 

ratio of each phase from the scattering factor. 

In the Rietveld analysis, the fitting profile calculated from an approximate structure model 

should match the diffraction profile as closely as possible. Here, through the least-squares method, 

the error sum of the square is shown in follow: 

,                         (3-1) 

where yi (i = 1, 2, 3…) is the intensity of observed diffraction peak, wi (=1/yi) is the statistical weight, 

and fi(x) is the intensity of calculated diffraction peak. To estimate the fitting result of Rietveld 

analysis, there are some R factors as an index, such as RWP, RI, and RF, which denote the weighted 

profile factor, the reliability factor for intensity comparison between observations and calculations, 

and the reliability factor for structural factor comparison between observations and calculations, 
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respectively.[28] The details of these R factors show in follow: 

,                         (3-2) 

,                            (3-3) 

,                         (3-4) 

where H is the Miller index (h, k, l), Iʹobs(H) and Ical(H) is the intensity of observed and calculated, 

and Fʹobs(H) and Fcal(H) is the structure factor of observed and calculated, respectively. In addition, 

the half width of peak profile, W, is also a necessary factor to evaluate the fitting result, which can 

be written as: 

 ,            (3-5) 

where u, v, w, and p is the factor of peak function. 

Crystal structure factor F(H) can be written as: 

,                  (3-6) 

where T(h, k, l) is the temperature factor, fj is atomic scattering factor, i is the imaginary number, 

and (x, y, z) is the atomic position. Here, the atomic scattering factor fj can be written as follow: 

,                 (3-7) 

where ai, bi, and c are constant, which can be obtained from the International Tables for 

Crystallography C. Since f is equal to the atomic or ionic electrons number of atom when θ is 0, the 

value of f are different for different ionic or atomic states at low angle range. For instance, the atomic 

scattering factor of the PbTiO3 material shown in Fig. 3-1 is different from that of ionic state at low 

angle about sinθ / λ < 0.1. Thus, due to the ionicity, this difference in atomic scattering factor at low 

angle can lead to a deviation of crystal structure factor at a fixed the temperature factor or a deviation 

in the temperature factor at a fixed the crystal structure factor. Therefore, to obtain a precise charge 

density distribution, it is also necessary to collect the high-angle diffraction data for analysis and 

then obtain the temperature factor. Then, fixing the temperature factor, the crystal structure factor 

can be obtained from the diffraction data for the whole range of 2θ, including also the low angle 

range. 
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Fig. 3-1. Atomic scattering factor f as a function of sinθ / λ. In the high angle range, the atomic 

scattering factor of atom state is equal to that of ionic state. 

 

3.2 Maximum entropy method (MEM) / Rietveld method 

3.2.1 Maximum entropy method (MEM) 

In 1948, Shannon et al. created information theory, which uses entropy to measure the 

uncertainty of information sources.[121,122] Because this entropy has a mathematical behavior 

similar to thermodynamics and statistical mechanics, this entropy is named information entropy or 

Shannon entropy. Since then, a new method for studying crystal structures based on information 

entropy, namely MEM, has been proposed. In the early 1980s, MEM was introduced to analyze the 

crystal structure of single crystals by X-ray diffraction.[123] Specially, the theory, algorithms, 

computer programs and experimental applications of the MEM for crystal structure determination 

were systematically studied, and the MEM was extended to crystal structure analysis by powder 

diffraction in the early 1990s. Up to now, MEM has been widely used not only for crystal structure 

but also for spectral analysis.[124-126]  

In crystal structure analysis, the continuous electron density distribution function ρ(r) can be 

used to substitute the isolate atom, where r is (x, y, z). Then, the structure factor F(H) can be written 

as follow: 

.            (3-8) 

Next, the entropy can be defined and shown in follow: 

,                       (3-9) 
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,                    (3-10) 

,                   (3-11) 

where ρ0(r) is the electron density in a reference state. Here, the binding function C was introduced,  

,                    (3-12) 

where Fcal(H) and Fobs(H) is the structure factor of calculated and observed, respectively, and σH is 

the deviation of Fobs(H). C is expected to be 1 from the error theory. Thus, the entropy Q(λ) that has 

been bound can be rewritten as follow: 

,             (3-13) 

where λ is the Lagrangian multiplier. The maximum value of Q(λ) can be obtained when the first-

order partial derivative ∂Q(λ)/∂ρ(r) = 0. Thus, in this condition,  

,         (3-14) 

where Fcal (H) come from the Fourier transform of ρ0(r). The details of Fcal (H) can be written as 

follow: 

.               (3-15) 

In the actual calculation, firstly, ρ0(r) is given a uniform electron density and then calculate the 

ρ(r). This process will be iterated until C is not greater than 1, and finally the electron density 

distribution ρ(r) is obtained. Since the operation of iteration, the influence of initial value ρ0(r) can 

be ignored. 

 

3.2.2 Weighting of MEM 

MEM is a powerful tool to study the electron density distribution and nature of chemical bond. 

The standardized residual F is defined as follow: 

,                          (3-16) 

where Fobs and FMEM is the measured structural factor and structural factor estimated by MEM. To 

obtain ideal MEM analysis results, the distribution of F should match the Gaussian distribution. 

Thus, R. Y. De Vries et al. proposed |H|-n to estimate the result of MEM analysis, where H and n is 

the reciprocal lattice vector and related weight, respectively.[127] By reasonably changing the value 

of n, high quality electron density distribution maps can be obtained. 
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Fig. 3-2. Electron density distribution came from MEM (a) without change weight and (b) change 

weight.[127] 

The improvement in the quality of the electron density distribution can be clearly observed in 

Fig. 3-2. Thus, a smooth surface of electron density distribution can be obtained by adopting the 

value of weight.  

 

3.2.3 MEM / Rietveld method 

The electron density distribution can be visualized by combining MEM and Rietveld 

refinement analysis, and this combined method is named MEM/Rietveld method.[124] From 

synchrotron radiation X-ray diffraction data to visualized electron density distribution, the 

complicated process can be described as four steps. Diffraction data was extracted from 2D IP data 

along 2θ direction. Thus, for the 1D diffraction data, there are many Bragg peaks overlapping each 

other. To obtain the accurate electron density distribution from the 1D diffraction pattern,  

(1) separating the multiple overlap peaks and multiplying each the product of the peak, 

(2) obtaining the crystal structure factor by applying various corrections, 

(3) assuming a crystal structure model and based on this to obtain the structure factors, 

(4) carrying out the MEM analysis based on the obtained structure factors. 

The steps of (1)-(3) are analyzed by Rietveld refinement method. Then, based on the crystal 

structural factor, the electron density distribution can be analyzed by MEM. Finally, when the 

obtained electron density distribution is consistent with the crystal structure model, the obtained 

electron density is the final electron density. Otherwise, the Rietveld model should be corrected 

according to the electron density and then the steps of (1)-(4) should be performed again. The flow 
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chart of the MEM/Rietveld method is displayed in Fig. 3-3. 

 

Fig. 3-3. Flow chart of the MEM/Rietveld method.[124]  

 

 

3.3 Huang diffuse scattering  

Due to various physical mechanisms, diffuse scattering of X-rays in solids can be classified 

into four types: 1, thermal diffuse scattering derived from lattice atomic vibrations; 2, Compton 

diffuse scattering due to electron absorption in atoms; 3, superlattice diffuse scattering caused by 

the degree of structure order; and 4, Huang diffuse scattering caused by lattice atomic shifts or 

charge shifts caused by various types of lattice defects. 

The effect of defects on X-ray reflection was first reported theoretically by Kun Huang in 

1947.[128] Huang pointed out that small deviations from the ideal lattice sites will lead to the diffuse 

scattering near the Bragg peak. Meanwhile, Huang predicted that the diffuse intensity is inversely 

proportional to the square of the distance in reciprocal space. This diffuse scattering derived from 

the lattice defects is different from the thermal diffuse scattering and is named as Huang diffuse 

scattering. Because the intensity of Huang diffuse scattering is small and this effect is mixed with 

thermal diffusion, it is not easy to distinguish Huang diffuse scattering from the thermal diffuse 

scattering at ordinary temperatures. It was not until 1967 that Peisl et al. experimentally discovered 

this effect from LiF crystals.[129]  
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Therefore, experiments with X-rays can obtain the information on displacements caused by 

defects or small defect agglomerates from Huang diffuse scattering. 

 

3.4 Williamson-Hall method 

It is well known that a small grain size can lead to a broadening of the X-ray peak profile shape. 

Therefore, the grain size can be inferred from the X-ray peak width. Generally, X-ray diffraction 

can accurately determine the average grain size of nanometer to micrometer sized crystals. In 1918, 

Scherrer first proposed the well-known formula, the Scherrer equation, as shown in follow: 

,                         (3-17) 

where D is the average crystal size, K is the constant related to the crystallite shape, generally set to 

about 0.9, λ is the wavelength in Å, β is the full width at half maximum of Bragg peak, and the unit 

of θ is radian.[130]  

In addition to the contribution of grain size, the intrinsic strain also induces a broadening of 

the Bragg diffraction peak profile. Thus, in addition to the instrumental effect, the physical 

mechanism of peak broadening includes a two-part contribution: grain size and strain. The strain 

due to crystal imperfections, such as point defects, grain boundary junctions, residual stresses can 

be calculated according to the modified Bragg equation.[130,131]  

 
Figure 3-4. Schematic image of the deviation of 2θ derived from strain. 

 

 

Assuming that the deviation of the peak position 2θ derived from the strain is θ, the Bragg 

equation can be rewritten as: 

.                     (3-18) 
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Ignoring the high-order items, the mean strain can be obtained: 

.                         (3-19) 

Due to the full width at half maximum β is four times higher than that of θ, the relationship 

between strain and strain-induced peak width can be expressed as: 

.                            (3-20) 

Therefore, according to the equations of (3-17) and (3-20), the total peak width derived from the 

grain size and strain can be written as follow: 

.              (3-21) 

The Williamson-Hall equation (W-H equation) can be obtained by rewriting the equation of (3-21) 

as shown below: 

.                    (3-22) 

Thus, based on the W-H equation, a graph with 4sinθ along the x-axis and β(hkl)cosθ along the 

y-axis can be drawn to analyze the grain size and strain. For instance, as reported by D. Nath et al, 

the particles size and strain analysis of CdSe nanoparticles are plotted in Fig. 3-5.[130]  

 
Fig. 3-5. W-H plot for CdSe nanoparticle.[130]  
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Chapter 4 

Mechanism of film growth in PbTiO3 and Bi4Ti3O12 AD films 

4.1 Mechanism of film growth in AD films 

PbTiO3 (PT) ferroelectric thin films have been widely investigated by various methods such as 

metalorganic chemical vapor deposition, sol-gel method, RF magnetron sputtering, pulsed laser 

deposition, hydrothermal method, and related means.[68,69,82,132-134] However, the mechanism 

of PT film growth remains obscure. Recently, J. Akedo et al. proposed a new method (AD method) 

deposited at room temperature that can avoid negative thermal expansion during the phase transition 

from cubic to tetragonal phase with cooling temperature.[73] Interestingly, PT thin films deposited 

by most methods, including the AD method, exhibit a c-axis preferred 

orientation.[46,67,82,83,133,135,136] Therefore, there is an intrinsic correlation between preferred 

orientation of PT thin films and film growth. In this work, we use PT AD films as a model to 

comprehensively study the mechanism of the film growth in PT ferroelectric thin films. 

 

4.1.1 Preferred orientation in AD films 

Debye-Scherrer patterns of the PT starting powders and the as-deposited AD films recorded on 

IP detector at room temperature (RT) are shown in Fig. 4-1. As shown in Fig. 4-1(a), the PT starting 

powders measured by rotating the capillary exhibit a homogenous diffraction intensity distribution, 

indicating that there is no preferred orientation in the PT starting powders. Meanwhile, the as-

deposited AD film in Fig. 4-1(b) was tilted by 0.7° along the incident X-ray direction for collecting 

high-quality diffraction data, showing polycrystalline properties. Evidently, the intensity 

distribution of (00l), such as (001) and (002) marked in Fig. 4-1(b) by red, is not homogenous, 

revealing the preferred orientation along the c-axis in the AD film. Since the angle between the 

incident X-rays and the AD film is small, the (00l) in the Debye-Scherrer ring denotes the 

approximate normal direction to the film surface. Figure 4-1 (c) shows the diffraction profiles of the 

starting powders and the AD film along the direction of 2θ, colored by black and red, respectively. 

Since the intensity of the starting powders is too strong than that of the AD film, we divided the 

intensity of powder by 15 to obtain a good visual contrast in the same image shown in Fig. 4-1(c). 

Because lattice parameters a and b are the same at tetragonal phase, the ratio of the intensity of (h00) 

and (00h) should be 2:1 for randomly orientation PT material, such as the starting powders. However, 
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the intensity of (00l) and (002) are stronger than that of (100) and (200) in the AD film, which means 

the c-axis preferred orientation. Meanwhile, the intensity of (111) peak is stronger than that of (001) 

and (002) in the starting powder, while the relationship is opposite in the AD film, that is the 

intensity of (001) and (002) are stronger than that of (111) peak. This also indicates the AD film 

exhibits c-axis orientation.  

 

Fig. 4-1. Debye-Scherrer patterns of (a) PT starting powders and (b) PT as-deposited film at RT. (c) 

diffraction line profiles indicated by arrows in (a) and (b). AD film and starting powders indicated 

by the red and black lines, respectively.  

 

To estimate the degree of the preferred orientation in the AD film, there are two evaluation 

methods, namely factor f and factor A.[70] On the one hand, the factor f is defined as 

 , where the I(001) and I(100) are the intensities of (001) and (100) 

diffraction peaks calculated from the Lorentz function. For the ideal random direction, the value of 

f is 0, while for the ideal c-axis direction, the value of f is 100%. The fitting results are detailed in 

Table 4-1. The ratio of (001) : {(100) + (010)} diffraction peak intensity of PT starting powders is 

36% : 64%, while the ratio of PT AD films is 99% : 1%. For the AD film at RT as shown in Fig. 4-
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2, the value of f is 98.5%, indicating that it is close to the ideal (001) preferred orientation. On the 

other hand, the factor A describes the diffraction intensity distribution of the (001) Debye-Scherrer 

ring in 2D and is written as A = (180 - w)/180, where w is the full width at half maximum (FWHM) 

of the (001) diffraction peak. Use the program IPAnalyzer to obtain the (001) profile shown in Fig. 

4-3(b) from the (001) Debye-Scherrer ring shown in Fig. 4-3(a). The value of w of the (001) peak 

calculated from the Pseudo-Voigt function is 55.6°, corresponding to the degree of 69 % for the 

preferred orientation A. 

 

Fig. 4-2. Intensity distribution of (001) and (100) diffraction peaks of PT as-deposited film at RT. 

Black cross-shape denotes the observed intensity (Iobs). Black, red and blue solid lines indicate the 

fitting results of the combined diffraction peak of the (001) and (100), the (001) diffraction peak, 

and the (100) diffraction peak using Lorentz function, respectively. 

 

 

Table 4-1. Ratio of (00h) and (h00) diffraction peak of PT starting powder and PT as-deposited AD 

film at RT. Ideal random orientation scenario for tetragonal phase also lists in this table to be 

compared. 

Ratio of intensity (001) (100) + (010) f 

Random orientation 33% 67% 0 

Starting powder 36% 64% 4.3% 

AD film 99% 1% 98.5% 
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Fig. 4-3. Intensity distribution of the (001) Debye-Scherrer ring of PT as-deposited AD film at RT. 

(a) Debye-Scherrer patterns of PT AD film. (b) fitting result of the (001) Debye-Scherrer ring 

diffraction intensity distribution using Pseudo-Voigt function. Red and blue lines shown in Figure 

4-3(a) is the (001) Debye-Scherrer ring and the related background, respectively. 

 

4.1.2 Origin of film growth 

To investigate the mechanism of c-axis orientation in the AD film, we further consider the 

preferred orientation of the starting powder and the AD film at 1000 K and RT after heating. 

Enlarged images of Debye-Scherrer rings of the PT starting powders and AD film are displayed in 

Fig. 4-4. As shown in Fig. 4-4 (a) and (b), it can be clearly seen that the Debye-Scherrer rings of the 

starting powders are uniform not only at RT but also at 1000 K, demonstrating that the starting 

powders are randomly oriented. Fig. 4-4 (c), (d), (e), (f), and (g) show the Debye-Scherrer rings of 

the AD film at as-deposited RT (RT0), 1000 K in the first heating/cooling cycle (1000 K1), RT after 

the first heating/cooling cycle (RT1), 1000 K in the second heating/cooling cycle (1000 K2), and 

RT after the second heating/cooling cycle (RT2), respectively. Intensity distribution of the AD film 

does not always remain inhomogeneous at these several temperatures. As mentioned above, it’s 

inhomogeneous for the (00h) peak intensity distribution at RT0 for the AD film. However, the 

Debye-Scherrer rings of the AD film are uniform at 1000 K1, RT1, 1000 K2, and RT2, respectively. 

This result suggests that the c-axis oriented of the AD film appear only at RT0 but disappeared at 
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1000 K1, RT1, 1000 K2, and RT2. 

 
Fig. 4-4. Enlarged images of Debye-Scherrer rings of PT starting powders at (a) RT and (b) 1000 K; 

and of PT AD film at (c) RT, (d) 1000 K, (e) RT after 1st heating/cooling cycle, (f)1000 K in the 2nd 

cycle, and (g) RT after 2nd heating/cooling cycle. 

 

 

Next task is to illustrate the mechanism by which the preferred orientation of the AD film 

appears at RT0 but vanishes at 1000 K1, RT1, 1000 K2, and RT2. Since PT is a tetragonal phase 

showing ferroelectric property at RT and a cubic phase showing paraelectric property at 1000 K, it 

is important to analyze the nature of the chemical bond of the tetragonal and cubic phases. As shown 

in the previous work of our group,[28] PT forms a 2D layered structure composed of covalent bonds 

at 300 K (the tetragonal phase), i.e., it is consists of the Ti-O5 pyramid strongly bonded to Pb-O 

covalent bond; however, at 800 K (cubic phase), the layered structure of covalent bonding is 

destroyed because the six Ti-O bonds are the same and the Pb-O bond become ionic bond. Based 
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on this work, we can acquire a clue that the 2D covalent bond structure plays an important role in 

understanding the preferred orientation behavior of AD film at RT0, 1000 K1, RT1, 1000 K2, and 

RT2. Figure 4-5(a) and (b) show Rietveld fitting results of the PT starting powders at RT and 1000 

K, respectively. Then, as shown in Fig. 4-6, the charge density distribution of the PT starting 

powders at RT and 1000 K was obtained using MEM/Rietveld method. In the tetragonal phase (RT), 

the 2D layered structure consists of Pb-O2 covalent bond and Ti-O5 pyramid and is parallel to the 

ab plane, as shown in Fig. 4-6 (a). While in the cubic phase (1000 K), as shown in Fig. 4-6 (b), the 

layered structure vanishes due to the covalent Pb-O bond becoming ionic and the Ti-O5 pyramid 

becoming Ti-O6 octahedron. Thus, we consider that the preferred orientation of the AD film is 

attributed to the layered characteristics. At RT, the layered covalent bond structure parallel to ab 

plane promotes the probability of particle recombination at a certain layer (the ab layer). While the 

weak bonds between PbTiO3 layers along the c-axis direction can easily give rise to layer-to-layer 

cleavage or deformation. Thus, in this condition, the PT film deposited by the AD process exhibits 

a c-axis oriented. Since the layered covalent bond structure is vanished in the cubic phase, the c-

axis oriented of the AD film will disappear when the temperature is higher than the Curie 

temperature. Since the layered structure has disappeared, the preferred orientation does not reappear 

during the cooling process. 

There are other explanations for the preferred orientation of PT as-deposited AD film. For 

instance, to investigate the origin of the preferred orientation of Bi4Ti3O12 (BiT) film, Suzuki et al. 

considered that the plate-like shape of the starting powders affects the deposited process.[70] Thus, 

in order to avoid the influence of plate-like shape, a non-plate-like shaped PT starting powders were 

selected out as shown in Fig. 4-7 (a). In this study, although the starting powders are in a non-plate-

like shape, the as-deposited AD films also exhibit the preferred orientation. On the other hand, as 

shown in Fig. 4-7 (b), the crystal structure of PT starting powders is also a layered structure stacked 

along the direction of c-axis. Therefore, we consider that the PT ferroelectric films exhibit preferred 

orientation due to the characteristic of the layered crystal structure. 

 

Fig. 4-5. Rietveld refinement of profile fitting results of PT starting powders at (a) RT and (b) 1000 
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K. Black cross-shape and red solid line indicate the observed and calculated diffraction intensity, 

respectively. Blue solid line denotes the difference between the observed and the calculated intensity. 

Magenta solid line is the Bragg peak position. 

 
Fig. 4-6. 2D charge density distribution of PT starting powders at (a) RT and (b) 1000 K. Left and 

right columns show the Pb-O plane and Ti-O plane, respectively. The contour lines are drawn from 

0 e Å-3 to 2 Å-3 with 0.2 e Å-3 intervals. 

 

 
Figure 4-7. (a)SEM image and (b) crystal structure of PT starting powders at RT.  

 

 

The preferred orientation in the PT AD film during heating and cooling may also have other 
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explanations, such as (1) the spontaneous polarization PS of the PT whose polarization direction is 

along the c axis, and (2) the ferroelectricity of the PT, which is in the ferroelectric phase at RT and 

in the paraelectric phase at 1000 K. To further confirm the origin of the c-axis oriented, another 

typical perovskite material, BiT, was chosen and then deposited by AD method. 

 
Fig. 4-8. Debye-Scherrer patterns of (a) BiT starting powder and (b) BiT as-deposited film at RT. 

(c) SXRD profiles indicated by arrows in (a) and (b). AD film and starting powders indicated by red 

and black lines, respectively. The peak of AD film with relatively stronger intensity, (004), (006), 

and (008), colored by red. 

 

 

As shown in Fig. 4-8 (a) and (b), Debye-Scherrer patterns of the BiT starting powders and the 

as-deposited AD film were recorded on IP detector at RT, respectively. As similar to the PT starting 

powders, the intensity distribution of Debye-Scherrer rings of the BiT starting powders exhibits 

homogenous characteristic, implying that the BiT starting powders are randomly oriented. 

Meanwhile, similar to PT as-deposited AD film, the intensity distribution of (00l) Debye-Scherrer 

rings of the BiT as-deposited AD film, such as (004), (006), and (008), is not uniform at RT, 

indicating that the BiT AD film has the preferred orientation along the c-axis. Since the BiT AD 

film is measured by tilting the film sample 1° along the incident X-ray direction, the diffraction 

peaks indicated by red arrows in Fig. 4-8 (b), such as the (004) diffraction peak, are approximately 
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parallel to the film surface. This observation in the BiT as-deposited AD film is also similar to that 

in the PT as-deposited AD film. SXRD profiles of the BiT starting powders and the as-deposited 

AD film along the 2θ direction in Fig. 4-8 (a) and (b) are drawn in black and red solid lines in Fig. 

4-8 (c), respectively. To obtain a better visualized comparison, the intensity of BiT starting powders 

was divided by 5. As shown in Fig. 4-8 (c), the intensity of the (111) peak of the starting powders is 

stronger than that of (004), (006), and (008), while is opposite in the AD film, i.e., the intensity of 

(004), (006), and (008) peaks of the AD film are stronger than that of (111) peak. This observation 

also suggests that the (00l) diffraction peaks are relatively stronger in the BiT AD film, indicating 

that BiT as-deposited AD film exhibits the preferred orientation along the direction of c-axis. 

 
Fig. 4-9. Enlarged images of Debye-Scherrer rings of BiT starting powders at (a) RT and (b) 1100 

K; and of BiT AD film at (c) RT, (d) 1100 K, (e) RT after heating/cooling cycle. 

 

 

Then, the enlarged images of the Debye-Scherrer rings of the BiT starting powders and the AD 

film at RT and 1100 K are displayed in Fig. 4-9. The labels RT0 and RT1 represent the data measured 

at RT in the as-deposited state and RT after heating, respectively. As shown in Fig. 4-9 (a) and (b), 

respectively, it is clearly demonstrated that the intensity distribution of Debye-Scherrer patterns of 

BiT starting powders is uniform not only at RT but also at 1100 K, proving that the BiT starting 

powders are randomly oriented. This observation in the BiT starting powders is the same as that in 

the PT starting powders. Meanwhile, Fig. 4-9 (c), (d), and (e) show the Debye-Scherrer patterns of 

the BiT AD film at RT0, 1100 K, and RT1, respectively. As shown in Fig. 4-9 (c), (d) and (e), the 

intensity distribution of the Debye-Scherrer rings for the (00l) peaks in the AD film is not uniform 

indicated by the red arrows. These Debye-Scherrer rings maintain the same degree inhomogeneous 
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at RT0, 1100 K, and RT1. This interesting observation suggests that the c-axis oriented of the BiT 

AD film occurs not only at RT0, but also at 1100 K and RT1, which is different from the PT AD 

film. 

 

Fig. 4-10. Intensity distribution of (004) Debye-Scherrer ring of BiT AD film. (a) Debye-Scherrer 

patterns of BiT as-deposited AD film. Fitting results of (004) Debye-Scherrer ring intensity 

distribution using Pseudo-Voigt function at (b) RT in the as-deposited state (RT0), (c) 1100 K, and 

(d) RT after heating /cooling process (RT1). Red and blue lines shown in Fig. 4-10 (a) is the (004) 

Debye-Scherrer ring and the related background, respectively. 

 

 

To evaluate the degree of preferred orientation of the BiT AD film at RT0, 1100 K, and RT1, 

as shown in Fig. 4-10, factor A was carried out using the program IPAnalyzer. As mentioned above, 

the degree of preferred orientation A = (180 - w)/180. For the Debye-Scherrer ring of the (004) peak, 

the values of w are 62°, 63° and 64° at RT0, 1100 K and RT1 respectively. As shown in Fig. 4-10 
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(b), (c) and (d), the values of w are approximately the same at these temperatures. Thus, the values 

of the degree of preferred orientation A are 65%, 65%, and 64% at RT0, 1100 K, and RT1, 

respectively. This evidence suggests that the preferred orientation of BiT AD film remains constant 

and exhibits temperature-independent properties despite different temperature conditions. To 

confirm this characteristic, the degree of preferred orientation of Debye-Scherrer ring of the (008) 

peak is shown in Fig. 4-11. As shown in Fig. 4-11 (a), (b), and (c), the values of w are 66°, 66°, and 

67° at RT0, 1100 K and RT1, respectively. Therefore, the values of the degree of preferred 

orientation A are 63%, 63%, and 63% at RT0, 1100 K, and RT1, respectively. This result observed 

in the Debye-Scherrer ring of the (008) peak verifies that the results in the Debye-Scherrer ring of 

the (004) peak are correct at these temperatures. 

 
Fig. 4-11. Intensity distribution of (008) Debye-Scherrer ring of BiT AD film. Fitting results of (008) 

Debye-Scherrer ring intensity distribution using Pseudo-Voigt function at (a) RT0, (b) 1100 K, and 

(c) RT1.  

 

 

To elucidate the origin of the preferred orientation in BiT AD film, crystal structure and charge 

density distribution should be considered. To obtain high quality SXRD data, these data were 

collected by IP detector using the X-rays of 0.35482 Å. Thus, under these conditions, the crystal 

structures of BiT starting powders were refined by the Rietveld method at RT and 1100 K, as shown 
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in Fig. 4-12 (a) and (b), respectively. Crystal structure parameters at RT and 1100 K are detailed in 

Table 4-2 and Table 4-3. 

 

Fig. 4-12. Rietveld refinement of profile fitting results of BiT starting powders at (a) RT and (b) 

1100 K. Red daggers and blue solid line indicate the observed and calculated diffraction intensity, 

respectively. Green solid line denotes the difference between the observed and the calculated 

intensity. Magenta solid line is the Bragg peak position. 

 

 

Table 4-2. Structural parameters of Bi4Ti3O12 starting powders at RT. Space group: B2cb, a = 5.4423 

(1) Å, b = 5.4036 (1) Å, c = 32.7896 (6) Å. Rwp : 1.84%, RI : 2.05%, RF : 2.18%, where Rwp, RI, and 

RF are reliability factors (R-factor) based on the weighted profiles, Bragg intensities, and structure 

factors, respectively.  

Atom x y z U11 (Å2) U22 (Å2) U33 (Å2) 

Bi(1) 0.00000 0.9974(2) 0.06676(1) 0.0080(3) 0.0101(5) 0.0076(7) 

Bi(2) 0.9997(7) 0.0190(1) 0.21129(1) 0.0102(3) 0.0087(5) 0.0118(9) 

Ti(1) 0.040(1) 0.00000 0.50000 0.002(2) 0.002(3) 0.01(1) 

Ti(2) 0.0476(8) 0.996(1) 0.37173(7) 0.007(1) 0.012(2) 0.008(5) 

O(1) 0.320(2) 0.252(2) 0.0079(4) 0.01(2) 0.01(4) 0.005(3) 

O(2) 0.249(6) 0.267(6) 0.2467(5) 0.01(4) 0.004(4) 0.01(9) 

O(3) 0.086(1) 1.054(2) 0.4381(3) 0.02(1) 0.001(6) 0.07(3) 

O(4) 1.041(3) 0.946(3) 0.3175(2) 0.004(7) 0.003(9) 0.02(4) 

O(5) 0.295(3) 0.230(2) 0.11147(3) 0.005(9) 0.006(1) 0.006(9) 

O(6) 0.151(2) 0.212(2) 0.8746(3) 0.002(8) 0.01(4) 0.08(8) 

 

 

Table 4-3. Structural parameters of Bi4Ti3O12 starting powders at 1100 K. Space group: I4/mmm, a 

= 3.8568 (1) Å, c = 33.240 (1) Å. Rwp : 2.02%, RI : 2.96%, RF : 3.83%.  

Atom x y z U11 (Å2) U22 (Å2) U33 (Å2) 
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Bi(1) 0.50000 0.50000 0.06720(4) 0.057(1) = U11 0.062(1) 

Bi(2) 0.50000 0.50000 0.21131(3) 0.051(1) = U11 0.031(1) 

Ti(1) 0.50000 0.50000 0.50000 0.008(4) = U11 0.014(6) 

Ti(2) 0.50000 0.50000 0.3711(1) 0.017(3) = U11 0.025(6) 

O(1) 0.50000 0.00000 0.00000 0.04(2) 0.008(4) 0.17(3) 

O(2) 0.50000 0.00000 0.25000 0.01(1) = U11 0.12(2) 

O(3) 0.50000 0.50000 0.4401(2) 0.10(1) = U11 0.003(7) 

O(4) 0.50000 0.50000 0.3163(3) 0.07(1) = U11 0.03(2) 

O(5) 0.50000 0.00000 0.1179(2) 0.022(6) 0.01(4) 0.06(1) 

 

 

As shown in Fig. 4-13, the crystal structure of BiT starting powders at 1100 K exhibits a layered 

structure consisting of Ti(1)-O6 layer, Ti(2)-O5 layer, Bi(2)-O4 layer, Ti(2)-O5 layer alternatively 

stacked along c-axis. To further elucidate the origin of the layered structure, the electron charge 

density distribution is studied. As shown in Fig. 4-14 (a) and (b), respectively, the 2D maps of the 

charge density distribution of BiT starting powders in the (100) and (200) planes provide direct 

evidence of the layered structure at 1100 K. Electron orbital hybridization between the Bi(2) and 

O(2) atoms leads to Bi(2)-O(2) covalent bonds. Further, the covalent bond of Bi(2)-O(2) forms a 

2D network Bi(2)-O4 layer. For the same reason, the Ti(2)-O5 layer consists of Ti(2)-O(5) covalent 

bonds and Ti(2)-O(4) covalent bonds, while the Ti(1)-O6 layer consists of Ti(1)-O(1) covalent bonds 

and Ti(1)-O(3) covalent bonds. Therefore, at 1100 K, Ti(1)-O6, Ti(2)-O5, Bi(2)-O4 and Ti(2)-O5 

layers alternately stacked along the c-axis, forming the layered crystal structure shown in Fig. 4-13. 

In this scenario, Ti(1) is present with 6-fold oxygen coordination while Ti(2) is 5-fold oxygen 

coordination. Difference in the oxygen coordination is due to the different chemical environment 

around Ti(1) and Ti(2). Ti(1) is surrounded by 8 Bi(1) ionic state ions, while Ti(2) is surrounded by 

4 Bi(1) ionic state ions and 4 Bi(2) covalent state ions. For Ti(2) atom, the 4 Bi(2) covalent state 

ions located in Bi(2)-O4 layer lead to the atom of Ti(2) shift to the direction of Bi(2)-O4 layer. As a 

result, the bond of Ti(2)-O(3) becomes longer, leading to the disappearance of the hybridization. 

Finally, around Ti(2) is a 5-fold ligand of oxygen. 
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Fig. 4-13. Crystal structure of BiT starting powder and related 3D charge density distribution in unit 

cell at 1100 K. The isosurface level of the unit cell is 1 e Å-3. 

 

 

 
Fig. 4-14. 2D electron charge density of BiT starting powders at 1100 K on (a) (100) plane and (b) 

(200) plane. The contour lines are drawn from 0 e Å-3 to 6 e Å-3 with 0.5 e Å-3 intervals. 
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To confirm that the layered structural characteristic still exist at RT, the crystal structure and 

electron charge density distribution of BiT starting powders at RT are also determined by the 

MEM/Rietveld method. As shown in Fig. 4-15, the crystal structural characteristics of BiT starting 

powders also exhibit a layered structure consisting of Ti(1)-O6 layer, Ti(2)-O4 layer, Bi(2)-O2 layer, 

Ti(2)-O4 layer alternatively stacked along c-axis at RT. Next, to confirm the origin of the layered 

crystal structure of the BiT starting powders at RT, the 2D maps of electron charge density 

distribution in the (220) and (110) planes are plotted in Fig. 4-16 (a) and (b), respectively. As shown 

in Fig. 4-16, the covalent bonds of Ti(1)-O(1) and Ti(1)-O(3) form a network structure of Ti(1)-O6 

layer, while the covalent bonds of Ti(2)-O(4), Ti(2)-O(5) and Ti(2)-O(6) generate a 2D structure of 

Ti(2)-O4 layer. From 1100 K cooling to RT, the octahedron TiO6 is tilting, which can be described 

as a-a-c0 in Glazer notation. Thus, at 1100 K, 4 Ti(2)-O(5) covalent bonds of the same bond length 

(1.96 Å) split into two types of bonds at RT, namely two Ti(2)-O(5) bonds and two Ti(2)-O(6) bonds. 

At RT, the bond lengths of the two Ti(2)-O(5) bonds are 1.93 Å and 2.04 Å, and the bond lengths of 

the two Ti(2)-O(6) bonds are 1.66 Å and 2.48 Å, respectively. As a result, the long bond length of 

Ti(2)-O(6) bond, 2.48 Å, leads to its ionic state. Thus, around the Ti(2) atom is a 4-fold oxygen 

coordination, forming a Ti(2)-O4 layer at RT. Although octahedron Ti(2)O6 is composed of six Ti(2)-

O bonds, one Ti(2)-O(3) bond, one Ti(2)-O(4) bond, two Ti(2)-O(5) bonds, and two Ti(2)-O(6) 

bonds. From the viewpoint of electron charge density distribution, the minimum charge density of 

Ti(2)-O(3) bond and Ti(2)-O(6) bond (the long one ) is 0.46 e Å-3 and 0.38 e Å-3, respectively, 

indicating their major electron states are ionic state. While the minimum charge densities of Ti(2)-

O(4) bond, two Ti(2)-O(5) bonds (1.93 Å and 2.04 Å) and Ti(2)-O(6) bond (the short one ) are 1.44 

e Å-3, 1.04 e Å-3, 0.80 e Å-3 and 1.75 e Å-3, respectively, indicating that their major electron states 

are covalent. Thus, the covalent bonds of one Ti(2)-O(4) bond, two Ti(2)-O(5) bonds (1.93 Å and 

2.04 Å) and one Ti(2)-O(6) bond (the short one ) form a Ti(2)-O4 layer at RT. At the same time, the 

covalent bond of Bi(2)-O(2) forms a 2D network structure Bi(2)-O2 layer. At 1100 K, the network 

structure of Bi(2)-O4 layer is composed of 4 Bi(2)-O(2) covalent bonds. However, due to the Glazer 

tilt, 4 Bi(2)-O(2) covalent bonds (2.317 Å) split into two short Bi(2)-O(2) bonds and two long Bi(2)-

O(2) bonds at RT. The elongated bond length of the two long Bi(2)-O(2) bonds comes from the 

decreased hybridization between the Bi(2) and O(2) atoms. Thus, there are two Bi(2)-O(2) covalent 

bonds at RT and a Bi(2)-O2 layer is formed. As a result, Ti(1)-O6, Ti(2)-O4, Bi(2)-O2 and Ti(2)-O4 

layers are alternately stacked along the c-axis at RT, forming the layered crystal structure shown in 

Fig. 4-15. 
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Fig. 4-15. Crystal structure of BiT starting powders and related 3D charge density distribution in 

unit cell at RT. The isosurface level of the unit cell is 1 e Å-3. 

 

 

 

Fig. 4-16. 2D electron charge density of BiT starting powders at RT on (a) (100) plane and (b) (200) 

plane. The contour lines are drawn from 0 e Å-3 to 6 Å-3 with 0.5e Å-3 intervals. 

 

 

As shown in Fig. 4-16, Ti(2)-O4 layer seems is not continuous along [110] direction at RT. As 
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mentioned above, the [110] direction of BiT at RT is equal to the [100] direction at 1100 K. Cooling 

from 1100 K to RT, octahedral TiO6 tilts, causing the Ti(2)-O(5) bond to deviate from the ideal 

orientation [110] direction. To investigate the precise structure of Ti(2)-O4 layer, the 2D maps of 

charge density distribution of Ti(2)-O4 layer and Ti(1)-O6 layer are shown in Fig. 4-17 (a) and (b), 

respectively. The isosurface level of the 2D map is 0.6 e Å-3. The direction of ao is [110] direction 

at RT. As shown in Fig. 4-17 (b), it is natural to consider that the Ti(1)-O6 layer is composed of a 

2D network structure. Meanwhile, as shown in Fig. 4-17 (a), although not continuous along [110] 

direction, the 2D map of the charge density distribution of the Ti(2)-O4 layer provides evidence that 

the Ti(2)-O4 layer is composed of 1D chain. Thus, the structure of Ti(2)- O4 is a layered structure. 

Therefore, from the point of view of charge density distribution, BiT starting powders are also 

composed of a layered structure at RT. 

 
Fig. 4-17. 2D electron charge density of BiT starting powders at RT on (a) Ti(2)-O4 layer and (b) 

Ti(1)-O6 layer. The isosurface level of the 2D electron charge density distribution is 0.6 e Å-3. 

 

 

To confirm that the charge density distribution analysis of the BiT starting powders at 1100 K 

and RT is correct, the bond valence sum (BVS)[137,138] was calculated. The details show in Table 

4-4. The bond valence parameters B and r0 of Bi ions are 0.48 and 1.99, and those of Ti ions are 

0.37 and 1.815, respectively. In this calculation, the valences of Bi(1), Bi(2), Ti(1) and Ti(2) ions at 

1100 K are 2.57, 2.66, 4.17 and 3.90, respectively. While the valences of Bi(1), Bi(2), Ti(1) and Ti(2) 

ions at RT are 3.14, 3.01, 3.97 and 4.38, respectively. These calculations do not deviate much from 
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the formal valences of 3+ and 4+ for Bi and Ti, proving that the charge density distribution analysis 

of BiT starting powders is successful at 1100 K and at RT. 

 

Table 4-4. Bond valence sums are calculated from the selected bond lengths of BiT at RT and 1100 

K. The unit of bond length is Å. The abbreviation of valence is V listed in this table. 

 RT 1100 K 

Bi(1)-O(1) 2.95392 2.95104 4 

Bi(1)-O(1) 2.55996 

Bi(1)-O(1) 2.93589 

Bi(1)-O(1) 3.28488 

Bi(1)-O(3) 3.06671 2.73753 4 

Bi(1)-O(3) 3.22337 

Bi(1)-O(3) 2.43431 

Bi(1)-O(3) 2.26147 

Bi(1)-O(5) 2.35378 2.56875 4 

Bi(1)-O(5) 2.51061 

Bi(1)-O(6) 2.37746 

Bi(1)-O(6) 3.10842 

V 3.14 2.57 

Bi(2)-O(2) 2.35655 2.31666 4 

Bi(2)-O(2) 2.50676 

Bi(2)-O(2) 2.11098 

Bi(2)-O(2) 2.23763 

Bi(2)-O(4) 2.50651 2.87027 4 

Bi(2)-O(4) 2.67246 

Bi(2)-O(4) 3.10734 

Bi(2)-O(4) 3.24678 

Bi(2)-O(6) 3.19487  

V 3.01 2.66 

Ti(1)-O(1) 2.02003 2 1.92843 4 

Ti(1)-O(1) 1.85399 2 

Ti(1)-O(3) 2.06307 2 1.99644 2 

V 3.97 4.17 

Ti(2)-O(3) 2.22011 2.30957 

Ti(2)-O(4) 1.78974 1.82559 
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Ti(2)-O(5) 1.92954 1.96461 4 

Ti(2)-O(5) 2.04306 

Ti(2)-O(6) 1.65674 

Ti(2)-O(6) 2.47583 

V 4.38 3.90 

 

 

It is known that the PS of BiT is along the a-axis, while the PS of PT is along the c-axis. 

However, the AD films of both BiT and PT are c-axis oriented, which means that the PS is not the 

origin of the preferred orientation. Meanwhile, at high temperature, both BiT and PT are the 

paraelectric phases (1000 K for PT and 1100 K for BiT). However, the preferred orientation of the 

BiT AD film remains at 1100 K, while the preferred orientation of the PT AD film vanishes at 1000 

K. These results provide a directly evidence that the PS and ferroelectricity are not the original 

reason of the preferred orientation. The charge density distributions of the BiT starting powders at 

RT and 1100 K indicate that the BiT is a layered structure consisting of Bi-O and Ti-O layers stacked 

along the c-axis not only at RT but also at 1100 K. Thus, the layered structure of BiT is the origin 

of the preferential orientation along the c-axis that occurs in BiT AD films at RT0, 1100 K and RT1.  

Based on this result, we can consider that the crystal structure with layered characteristics plays 

a crucial role in the film growth of BiT AD film. That is, during the deposited process, the particles 

of BiT powders preferentially recombine along a certain layer (ab plane), while the interlayer 

connection between Bi-O and Ti-O layers is weak and easily cleaved and deformed. Therefore, the 

BiT AD film exhibits a preferred orientation along c-axis. Finally, it is clear that the film growth 

mechanism of PT and BiT is a layered structure at the deposited temperature. 

 

 

4.2 Phase transition behavior in PbTiO3 and Bi4Ti3O12 AD films 

4.2.1 Upshift of phase transition temperature 

Thermal stability plays an important role for ferroelectric thin films in industries, especially in 

high-temperature applications. Herein, firstly, Debye-Scherrer patterns of PT AD film were 

recorded on a flat IP detector at several different temperatures to examine the phase transition 

behavior during heating and cooling process. To clearly show the phase transition from tetragonal 

to cubic phases, the 2D Debye-Scherrer pattern was transformed into 1D profiles of XRD patterns. 

As illustrated in Fig. 4-18 (a), it is interesting to note that the peak shapes corresponding to the (111), 
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(002), and (200) peaks of the AD film gradually become sharper and the peak intensities become 

stronger as the temperature increases. This observation is also consistent with the phenomenon in 

Fig. 4-4. For the AD film in Fig. 4-4, the peak width of the Debye-Scherrer ring becomes sharper at 

RT1 and RT2 and the peak intensity increases compared to RT0. 

We note, phase transition temperature TC of the PT AD film is about 900 K during the first 

heating process, which is much higher than that of the bulk (763 K),[48] about 750 K for the first 

cooling process, and about 750 K for the second heating process. Tetragonal-ferroelectric transition 

temperature of the AD film shifts to a higher temperature and exhibits a better thermal stability 

property for tetragonal phase, indicating that the film deposited by AD method can be applied to 

high temperature fields. TC of the cooling and the second heating processes is approximately the 

same as that of bulk. Due to the large heating area (10 2 mm2) and exposure to air, practical 

temperature of the AD film is lower than that of the heating gas, which is the measured temperature, 

during the heating and cooling process. This means that TC of the AD film is slightly below 900 K 

during the first heating process. 

 
Fig. 4-18. Diffraction profiles of SXRD patterns of PbTiO3 AD film recorded on flat IP detector. (a) 

shows the first heating process, (b) the first cooling process, and (c) the second heating process. 

 

 

As plotted in Fig. 4-18 (a), (b) and (c), the degree of preferred orientation f can be roughly 

extracted from the intensity ratio of the (002) and (200) diffraction peaks. During the first heating 

process, the degree of preferred orientation f decreases as the temperature increases. As analyzed 

above, the preferred orientation disappears at cubic phase, hence, the preferred orientation cannot 

be observed during the cooling process and the second heating process, as shown in Fig. 4-18 (b) 

and (c). In order to estimate the correlation between preferred orientation and temperature, the 

degree of preferred orientation f of the AD film at several temperatures was calculated by using 
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Lorentz function during the first heating process. As shown in Fig. 4-19, the degree of preferred 

orientation does not change significantly from RT to 700 K. Then, as temperature increases further, 

the degree of preferred orientation decreases rapidly from 800 K. As can be observed in this figure, 

the tetragonal-cubic phase transition temperature can also be roughly determined to be around 900 

K. In addition, since these data were recorded on a flat IP detector, unlike the IP detector, the 

preferred orientation calculated at RT is slightly different from that in Fig. 4-2. 

 
Fig. 4-19. Calculated degree of preferred orientation as a function of temperature at several 

temperatures during the first heating process. These several temperatures are RT, 500 K, 700 K, 750 

K, 800 K, 850 K and 900 K, respectively. 

 

 

Therefore, we next carried out temperature dependence SXRD experiments to precisely study 

the phase transition behavior of the self-supported films using an MYTHEN detector system. As a 

contrast experiment, phase transition behavior of PT starting powders was also determined. PT 

starting powders and the self-supported films, sealed in 0.1 mm diameter capillary, respectively, 

were heating from 300 K to 1000 K and then cooling to 300 K. In particular, the heating and cooling 

processes were performed two cycles in order to accurately determine the phase transition behavior 

of the self-supported films. As shown in Fig. 4-20 (a) and (b), TC of the heating and cooling 

processes of the starting powders are 763 K and 758 K, respectively, which are in good agreement 

with other reports.[48] We note, as shown in Fig. 4-20 (c), the TC of the self-supported films is 860 

K during the first heating process, which is close to 100 K higher than that of the starting powders. 

In order to determine the value of Tc from the tetragonal phase to the cubic phase in the first heating 

process, the temperature dependence of the d values of the (111) peak of the starting powders and 
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the self-supported films are shown in Fig. 4-21. These are derived from the (111) pattern of the 

starting powders and the self-supported films shown in Fig. 4-20. As shown in Fig. 4-21, the changes 

in the d-value indicate that the TC of the starting powders and the self-supported films are 763 K 

and 860 K, respectively. Therefore, the TC of the self-supporting films is 860 K during the first 

heating, which is also consistent with our analysis above regarding the TC of the AD film. As for the 

cooling process and the second heating and cooling cycle, the Tc of the self-supported films is the 

same as that of the starting powders, as shown in Fig. 4-20 (d), (e), and (f), respectively. 

 
Fig. 4-20. Temperature dependence SXRD patterns of PbTiO3. (a) the heating and (b) cooling 

processes for the starting powders. (c) the first heating and (d) first cooling processes for the self-

supported films. (e) the second heating and (f) second cooling processes for the self-supported films. 

 

 

Meanwhile, the peak width and the peak intensity of the self-supported films is broadened and 

weakened during the first heating process compared to the subsequent heating and cooling process. 

As shown in Fig. 4-18, we also note that the peak profiles of the AD film with broadened peak width 

and weakened peak intensity appear only during the first heating process and are not observed 

during the cooling and the second heating processes, similar to the self-supported films. 
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Fig. 4-21. Changes in the d-value of the (111) peak of the staring powders and the self-supported 

films as a function of temperature during the first heating process. Black rectangle and red circle 

indicate the starting powders and the self-supported films, respectively. 

 

 

The TC of BiT self-supporting films was also investigated. To precisely study the phase 

transition behavior, the temperature dependence SXRD experiments of BiT self-supported films 

were performed by heating from RT to 1100 K and then cooling to RT. As a contrast, the TC of BiT 

starting powders is also measured. The heating and cooling processes of BiT self-supporting films 

were carried out twice in order to obtain the exact phase transition temperature. As plotted in Fig. 

4-22 (a) and (b), the TC of BiT starting powders are 972 K and 961 K during the heating and cooling 

processes, respectively, which are consistent with other published papers.[35] We also note, 

interestingly, the TC of BiT self-supported films is about 1020 K during the first heating process 

shown in Fig. 4-22 (c), which is close to 50 K higher than that of the starting powders. Therefore, 

we concluded that the upward shift of TC of the self-supported films deposited by AD method maybe 

is a common phenomenon. In addition, as shown in Fig. 4-22(d), (e) and (f), the TC of BiT self-

supporting films during the first cooling process and the second heating and cooling processes are 

961 K, 972 K and 961 K, respectively, which are the same as that of the starting powders. 
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Fig. 4-22. Temperature dependence SXRD patterns of Bi4Ti3O12. (a) the heating and (b) cooling 

processes for the starting powders. (c) the first heating and (d) first cooling processes for the self-

supported films. (e) the second heating and (f) second cooling processes for the self-supported films. 

 

 

4.2.2 Origin of enhanced phase transition temperature 

As analyzed above, the phase transition behaviors of PT self-supporting films and BiT self-

supporting films exhibit the same features, i.e., the TC increases during the first heating process and 

returns to the same value of the starting powders during the subsequent cooling and heating 

processes. Thus, this observation suggests that the mechanism of the TC upshift of PT self-supported 

films and BiT self-supported films are the same. In order to extract a clue to the phase transition 

behavior, it is natural to consider the changes of the peak width and peak intensity of PT self-

supported films and BiT self-supported films during the first heating process. During the first 

heating process, both self-supported films exhibit a weakened peak intensity and a broadened peak 

width.  
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Fig. 4-23. Linear correlation between βcos(θ) and 4sin(θ) for PT samples at RT calculated from the 

Williamson-Hall equation. Black rectangle, red circle and blue triangle indicate the self-supported 

films, the AD film and the starting powders, respectively. For PT AD film and PT self-supported 

films, the RT is RT in the as-deposited state (RT0). 

 

 

There are several reasons should be considered to explain the weakening of the peak intensity 

and the broadening of the peak width, such as the reduction of grain size, the residual or intrinsic 

stress (or strain) and the diffuse scattering. First, the relationship between the weakening of peak 

intensity (and the broadening of peak width) and the residual stress of PT AD film and PT self-

supported films was investigated by the Williamson-Hall method. Based on the Williamson-Hall 

method shown in Fig. 4-23, we calculate that the stress in the AD films is the same as in the self-

supported films and about 40 times higher than that of the starting powders, which indicates that 

there are enormous stresses in these films. In many published papers, they also reported the presence 

of high residual stresses in AD films, such as 800 MPa for BaTiO3 AD films as reported by Neamul 

H. Khansur.[79] The weakening of the peak intensity and the broadening of the peak width in the 

PT AD film and the self-supported films come from the residual stress, which are mainly from the 

intrinsic stress generated by the atomic impact during the deposition process. In addition, according 

the Williamson-Hall equation, the grain size can be calculated. The grain sizes of PT AD film, PT 

self-supported films and PT starting powders are 100, 100 and 1500 nm, respectively. The high 

stresses will lead to the upshift of TC in PT films, such as Zhang et al. obtained PT film with giant 

high TC (725 ℃) using interphase strain method.[140] For the self-supported films, the rapid 

shrinkage of the c-axis during the first heating process is suppressed by the stress, as shown in Fig. 

4-24 (b), leading to Tc shift to the high-temperature side. 
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Fig. 4-24. Lattice parameters a and c as a function of temperature for PbTiO3; (a) starting powders, 

self-supported films during (b) the first heating/cooling process, and (c) the second heating/cooling 

process. Red exhibits the heating process while blue indicates the cooling process; the circle 

represents lattice parameter a while the rectangle represents lattice parameter c. 

 

Fig. 4-25. Lattice parameters a, b and c as a function of temperature for Bi4Ti3O12; (a) starting 

powders, self-supported films during (b) the first heating/cooling process, and (c) the second 
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heating/cooling process. Red exhibits the heating process while blue indicates the cooling process; 

the rectangle, circle and triangle represent lattice parameter a, b and c, respectively. 

 

These observations provide a string to further understand the phase transition behavior of the 

self-supported films. Therefore, the residual stresses in the films from atomic impact during the 

deposition process is one reason why the TC of the self-supported films is upward shift. The residual 

stress gradually released during the first heating process, hence, the phase transition behavior of the 

self-supported films replied to the same of the powders during the subsequent first cooling process 

and the second heating and cooling processes.  

As shown in Fig. 4-20 (a) and (c), the peak position of the (002) peak of the self-supported 

films with a tetragonal phase is shifted to the right side compared to that of PT starting powders, 

indicating a contraction of the lattice parameter c in the self-supported films. Compared with Fig. 

4-20 (c), we also note that the (002) peak of the self-supported films shifts to the right side during 

the second heating process shown in Fig. 4-20 (e), which indicates that the lattice parameter c of the 

self-supported films shrinks during the second heating process. The lattice parameters a and c of PT 

starting powders and PT self-supporting films as a function of temperature are shown in Fig. 4-24. 

As shown in Fig. 4-24 (a), the heating process and the cooling process of PT starting powders are 

reversible processes. However, as shown in Figure 4-24 (b), the lattice parameter c shrinks slightly 

from RT to about 600 K and then shrinks rapidly with further increase in temperature until the phase 

transition occurs at 860 K during the heating process. In addition, the lattice parameter a is linearly 

dependent on temperature during the heating process. The lattice parameter a increases slightly 

during the cooling process compared to the heating process, while the lattice parameter c shrinks 

significantly during the cooling process. As displayed in Fig. 4-25, the changes of the lattice 

parameters of BiT self-supported films are similar to those of the PT self-supported films. The 

heating and cooling processes of BiT starting powders are reversible processes. While the lattice 

parameters a and b of BiT self-supported films are contracted. Hence, we do not show details of the 

analysis of BiT self-supported films. 
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Fig. 4-26. Temperature dependence of the unit cell volume for (a) PT starting powders and (b) PT 

self-supported films. 

 

 

Based on the lattice parameters, the temperature dependence of the unit cell volume for the PT 

starting powders and PT self-supported films is plotted in Fig. 4-26. As shown in Fig. 4-26 (a), the 

volume of PT starting powders exhibits a negative thermal expansion in tetragonal phase. In contrast, 

as shown in Fig. 4-26 (b), the volume of PT self-supported films in the tetragonal phase has about 

zero thermal expansion during the cooling process and the second heating and cooling processes. 

However, the temperature dependence features of the unit cell volume of BiT samples are different 

from those of PT samples. As shown in Fig. 4-27, not only in BiT starting powders but also in BiT 

self-supported films, the unit cell volume exhibits a linear relationship of the temperature in the 

range of RT to 1100 K. In addition, there is no obvious difference in the volume of the BiT starting 

powders and in the BiT self-supported films. 

 
Fig. 4-27. Temperature dependence of the unit cell volume for the BiT starting powders and BiT 

self-supported films. The notation of “ssf-1st” and “ssf-2nd” means that is the first heating / cooling 

process for the self-supported films and the second heating / cooling process for the self-supported 

films. 

 

 

For perovskite ferroelectric materials, Tc is also strongly coupled with tetragonality (c/a), such 

as high Tc usually means large c/a.[48] However, as plotted in Fig. 4-24, the c/a value of PT self-

supported films (1.049 at RT0) is smaller than that of the powders (1.065), especially at RT1 and 

RT2 (1.035). In this scenario, the Tc of PT self-supported films, especially for the second process, 
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should be lower than that of the powders, which can’t be explained in this experiment. Meanwhile, 

we note, the average grain size of the self-supported films is about 100 nm, which is a significantly 

smaller than that of the powders (1.5 μm), will decrease the tetragonality (small c/a), which is also 

consistent with other published papers.[141] This means, for PT self-supported films, Tc is not so 

sensitive to the c/a variation derived from the grain size effect from 1.5 μm to 100 nm. This will 

help us to investigate the origin of high Tc in PT self-supported films. It is an important clue to focus 

on the value of the Ps calculated by the ionic model at RT0, RT1, and RT2 in the PT self-supported 

films. Although the grain size of the self-supported films at RT0 (100 nm) is smaller than that of 

RT1 (150 nm) and RT2 (150 nm), the value of c/a at RT0 (1.049) is larger than that of at RT1 (1.035) 

and RT2 (1.035). The large c/a at RT0 comes from the larger Ps (54 μC/cm2) at RT0 compared to 

43 μC/cm2 at RT1 and RT2. As shown by the Landau theory relationship TC = αPS
2,[49] the larger 

PS at RT0 is one important factor to elucidate the higher Tc in the first heating process. In addition, 

crystal distortion produced by residual stresses leads to large PS during the first heating and is 

coupled with an increase in unit cell volume. While during the subsequent cooling and heating 

processes, the stresses are released, the crystal distortion returns to the normal level, and the Ps 

decrease significantly, resulting in zero thermal expansion of PT self-supported films. However, the 

Ps value of BiT starting powders calculated by ionic model is 1.7 μC/cm2. Hence, small Ps value 

cannot provide contribution to the upshift of the TC of BiT self-supported films. On the other hand, 

small Ps value has no effect on the unit cell volume of BiT self-supported films, leading to the 

volume of BiT self-supported films is approximately the same as the volume of BiT starting powders. 

 

Fig. 4-28. Enlarged SXRD profiles of PbTiO3 self-supported films at (a) RT and (b) 1000 K. RT in 

the as-deposited state shown in black line, labeled as RT0. While RT after the first heating/cooling 

process shown in red line, labeled as RT1. And RT after the second heating/cooling process shown 

in blue line, labeled as RT2. 1000 K during the first heating / cooling process shown in black line, 

labeled as 1000 K1. While 1000 K during the second heating / cooling process shown in red line, 

labeled as 1000 K2. 
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Fig. 4-29. Enlarged SXRD profiles of Bi4Ti3O12 self-supported films at RT. RT in the as-deposited 

state shown in black line, labeled as RT0. While RT after the first heating/cooling process shown in 

red line, labeled as RT1. And RT after the second heating/cooling process shown in blue line, labeled 

as RT2. 

 

 

Diffuse scattering also plays an important role in increasing the phase transition temperature 

of PT self-supported films and BiT self-supported films. As shown in Fig. 4-28 (a), Huang-diffuse 

scattering of PT self-supported films is clearly observed in the peak tail at RT0, especially for (101) 

peak. However, the Huang-diffuse scattering vanishes at RT1 and RT2 as shown in red and blue 

lines. In this case, the Huang-diffuse scattering comes from lattice distortion around the Pb vacancy 

defect and O vacancy defect due to their partial vaporization during the deposited process. Thus, as 

shown in Fig. 4-28 (b), the Huang-diffuse scattering cannot be observed at 1000 K. In addition, the 

Huang-diffuse scattering of BiT self-supported films shown Fig. 4-29 is clearly observed at the (006) 

peak tail at RT0. Meanwhile, as shown in red and blue lines, the Huang-diffuse scattering of BiT 

self-supported films also disappears at RT1 and RT2. Since the diffuse scattering suppresses the 

change of the crystal lattice during the 1st heating process, leading to a higher TC.  

These observations provide a string for further understanding the phase transition behavior of 

the self-supported films. The upshift of TC of the self-supported films deposited by AD method is 

attributed to the Huang-diffuse scattering, spontaneous polarization, and residual stress in the films. 

During the first heating process, the Huang-diffuse scattering and residual stress are gradually 

released, hence, the phase transition behavior of the self-supported films is the same of the powders 
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during the subsequent cooling process and heating processes. 

 

 

4.3 Crystal structure of PbTiO3 self-supported films 

As mentioned above, during the first heating process, both PT AD film and PT self-supported 

films exhibit a weakening of peak intensity, a broadening of peak width and the upward shift of TC. 

While during the subsequent cooling and heating processes, these two films also show the same 

features, i.e., strong peak intensity, narrow peak width and the same TC value as that of the powder 

samples. In addition, the peak positions of the (002) diffraction peaks of both the PT AD film and 

the PT self-supporting films are shifted to the right side during the second heating compared to the 

first heating process, indicating that the lattice parameter c is contracted. Thus, the crystal 

characteristics of the PT self-supported films and the PT AD film maintain a high degree of 

consistency, which supports our assumption that we can use the self-supported films to study the 

structural characteristics of the AD film. 

 

Fig. 4-30. Diffraction profiles of SXRD patterns of PbTiO3 self-supported films analyzed by 

Rietveld refinement using (a) single phase and (b) three-phases. 
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Based on aforementioned analysis, the starting powders and the self-supported films were 

refined by the Rietveld refinement at RT. For PT self-supported films, RT means RT in the as-

deposited state, i.e., RT0. We note, as shown in Fig. 4-30 (a), there are some mismatches of the peak 

intensities between the experiment and the fitting results when we use single-phase to refine PT 

self-supported films, such as (202) and (220) peaks. The inset of Fig. 4-7(a) shows that the single-

phase fitting results of the starting powders are well matched. Due to the crystal size effect, which 

affects the peak intensity and width distribution, it is necessary to consider that the Rietveld multi-

phases refinement method to analyze the self-supported films. Therefore, as shown in Fig. 4-30 (b), 

PT self-supported films analyzed by three-phases Rietveld refinement exhibit a good fitting results, 

suggesting that the self-supported films are composed of crystallites of different sizes. The details 

of fitting results refined by three-phases Rietveld refinement method are listed in Table 4-5. As 

illustrated in Table 4-5, the phase 1 with a large c/a (1.061) corresponds to a coarse size, while phase 

3 with a small c/a (1.027) corresponds to a fine size. The average crystallite size of the self-supported 

films is about 100 nm. The volume ratio of phase1, phase2 and phase 3 are also detailed in Table 4-

5. 

 

 

Table 4-5. Structural parameters of PbTiO3 self-supported films analyzed by three-phases Rietveld 

refinement method at RT in the as-deposited state (RT0). Space group: P4mm, Rwp = 3.25%, RI = 

2.81%, RF = 2.27%. The volume ratio of Phase1 : Phase2 : Phase3 = 54.3% : 27.5% :18.2%. The 

structural parameters of PbTiO3 powders also were listed to compare with the self-supported films. 

 Atom x y z U (10-2Å2) c/a 

Phase1 

a = 3.904(2) (Å) 

c = 4.141(3) (Å) 

Pb 0 0 0 1.10(5) 

1.061 
Ti 0.5 0.5 0.536(8) 0.21(3) 

O1 0.5 0.5 0.13(1) 4.6(3) 

O2 0.5 0 0.64(1) 0.85(9) 

Phase2 

a = 3.909(3) (Å) 

c = 4.088(2) (Å) 

Pb 0 0 0 1.10(5) 

1.046 
Ti 0.5 0.5 0.541(7) 0.21(3) 

O1 0.5 0.5 0.11(1) 4.6(3) 

O2 0.5 0 0.57(1) 0.85(9) 

Phase3 

a = 3.927(2) (Å) 

c = 4.031(3) (Å) 

Pb 0 0 0 1.10(5) 

1.027 
Ti 0.5 0.5 0.537(9) 0.21(3) 

O1 0.5 0.5 0.09(1) 4.6(3) 

O2 0.5 0 0.54(2) 0.85(9) 

Powder 

a = 3.90000 (1) (Å) 

c = 4.15266 (2) (Å) 

Pb 0 0 0 0.756 (4) 

1.065 
Ti 0.5 0.5 0.5392 (6) 0.34 (2) 

O1 0.5 0.5 0.115 (1) 0.7 (1) 

O2 0.5 0 0.617(1) 0.72 (8) 
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4.4 Conclusions 

We are comprehensively investigated the mechanism of c-oriented PT AD film and BiT AD 

film to elucidate the mechanism of film growth. Based on the structural characteristics of the AD 

film and the chemical bonding of the starting powders, we revealed that the c-oriented of PT AD 

film and BiT AD film are due to the layered structure. In the deposited process, as shown in Fig. 4-

31, due to the strong 2D covalent bonding of PT increases the binding force along the ab plane, the 

highest probability of recombination occurs when particles recombine and grow along the ab plane. 

We further point out that not only the AD method, but also other methods with deposited temperature 

below Curie temperature, such as hydrothermal method, result in the formation of c-oriented PT 

film. The phase transition behavior study shows that the TC of PT self-supporting film is 860 K, 

which are close to 100 K higher than that of PT starting powders. The upshift of TC in the self-

supported films comes from Huang-diffuse scattering, spontaneous polarization, and residual stress. 

In addition, our work also reveals that PT AD film is composed of crystallites with different sizes. 

We believe that these results will be useful for further understanding and design ferroelectric films. 

 
Fig. 4-31. Schematic image of film growth deposited by the AD process. 
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Chapter 5 

Crystal structure and phase transition in Pb(Zr1-xTix)O3 

Piezoelectric material lead zirconate titanate Pb(Zr1-xTix)O3 (PZT), which has a perovskite-type 

structure, is known for its application in electronic devices and microdevices such as transducer and 

electromechanical, and is one of the most widely used materials in industry.[19-24] Various methods 

such as conventional solid-state reaction method, sol-gel method and hydrothermal synthesis 

method have been proposed to synthesize the PZT ceramics.[1,7-10,105-108] Among them, a 

mechanochemical solid-state reaction using a ball milling is a unique method, which synthesizes 

PZT fine ceramic powders in air at RT without any post-annealing.[1,2,6] In this study, the validity 

of PZT powder synthesis from a mixture of PZ (PbZrO3) and PT powders by the mechanochemical 

solid-state reaction using a ball milling has been investigated by SXRD experiments, revealing the 

quantitative crystal structure and the phase transition behavior for PZT powder synthesized by ball 

milling. 

 

5.1 Pb(Zr1-xTix)O3 Synthesis 

A mixture of PZ powder and PT powder in a molar ratio of 1 : 1 was ball-milled for 4, 8, 16 

and 32h, and named 4h PZ-PT, 8h PZ-PT, 16h PZ-PT and 32h PZ-PT, respectively. Figures 5-1(a), 

(b) and (c) show SEM-EDX images of the mixture of PZ and PT powders with ball milling times of 

0, 4 and 8 h, respectively. As shown in Fig. 5-1(a), since the mixture has not undergone any ball 

milling, the starting powder is naturally consisting of PT (red) and PZ (green) powders with a molar 

ratio of 1:1. We note, after 4 h of grinding, most of the red and green were transformed into the 

yellow area. Figure 5-1(b) also clearly displays some unreacted PZ and PT powders as the minor 

phase of the 4h PZ-PT sample. Meanwhile, as the ball milling time was further increased to 8 h as 

shown in Fig. 5-1(c), all PZ and PT powders completely converted to yellow. In addition, we also 

find that the particle size of the 8h PZ-PT sample is larger than that of the 4h PZ-PT sample. In this 

case, there are two possibilities for the yellow area, the first one is the new phase PZT we want and 

the second one is a mixture of very fine PZ and PT particles.  
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Fig. 5-1. SEM images of mixture of PZ and PT powders. Ball milling for (a) 0 h (starting powders), 

(b) 4 h and (c) 8 h. The red and green particles colored by SEM-EDX indicate PT and PZ powders, 

respectively. 

 

 

SXRD experiments were conducted to examine the validity of PZT synthesis. As can be 

observed in Fig. 5-2, the SXRD profiles of the ball-milled PZ–PT samples are at RT in the as-

synthesized state without any post-annealing. Here, we should explain that the diffraction intensity 

of the reference material PZT ceramic was divided by 5 in order to obtain a good visualizing contrast. 

Firstly, we observed that the diffraction patterns, such as peak positions and peak intensities, of all 

milled PZ-PT samples match very well with those of the reference material PZT ceramic sample. 

This observation implies that all milled PZ-PT samples have the similar diffraction patterns to the 

PZT sample. Therefore, we concluded that PZT synthesized by ball milling a mixture of PZ and PT 

powders can be synthesized. To illustrate the effect of ball milling time, the intensity of the (110) 

peak versus milling time is plotted in the inset. We note, the intensities of the (110) peaks firstly 

increase at the milling time of 0 to 8 h and then decrease at the milling time of 8 to 32 h, while the 

highest intensity of the (110) peak occurs at 8 h of ball milling. This observation confirms that a 

new phase of PZT was generated during the ball milling process. That is, the new phase of the PZT 

powder is generated and grows with the increase of the grinding time from 0 to 8 h, leading to an 

increase in the intensity of the (110) peak with the increase of the grinding time. Meanwhile, after 
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8 h of ball milling, all PZ and PT powders were completely converted to PZT phase, leading to the 

particle size of PZT powder decreases with the increase of milled time. The change in intensity of 

the (110) peak provides a reasonable evidence that the PZT sample has been successfully 

synthesized by the mechanochemical solid-state reaction using a ball milling, which confirms that 

the yellow part in the SEM-EDX is consisting of PZT phase. 

 

Fig. 5-2. SXRD patterns of milled PZ-PT samples and reference PZT sample at RT. Black, red, blue, 

gray and green lines indicate the samples of 4h PZ-PT, 8h PZ-PT, 16h PZ-PT, 32h PZ-PT, and 

reference material PZT, respectively. The insert shows the intensities of (110) peaks of these milled 

PZ-PT samples. 

 

 

To further validate the synthesis of PZT ceramic powders, the structural characteristics of ball-

milled PZ-PT samples were investigated. Figure 5-3(a) shows the enlarged SXRD profiles of the 4h 

PZ-PT, reference material PZT, starting powders of PT and PZ samples at RT. Here, black, green, 

orange and cyan lines denote the samples of 4h PZ-PT, reference material PZT, PT and PZ, 

respectively. Clearly, the enlarged (110) peak of the 4h PZ-PT sample exhibits two weak impurity 

peaks, indicated by the arrows from unreacted PZ and PT, which also coincides with the observation 

of the SEM-EDX shown in Fig. 5-1(b). Figure 5-3(b) shows the enlarged (110) peaks of the 8h PZ-

PT, 16h PZ-PT, 32h PZ-PT and reference material PZT samples in red, blue, gray and green, 

respectively. Conversely, the 8h PZ-PT, 16h PZ-PT and 32h PZ-PT samples exhibit pure PZT 

diffraction patterns, indicating that all PZ and PT reacted into PZT phase. As the samples were ball-

milled for a long time, the particle sizes or crystallite sizes became smaller and the peak profile of 

the SXRD broadened. Therefore, it is natural to consider that the pure PZT phase has been 

successfully synthesized by the mechanochemical solid-state reaction using dry ball milling in a 

short time. 
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Fig. 5-3. (a) enlarged (110) peaks of PZ, PT, PZT and 4h PZ-PT samples at RT. (b) enlarged (110) 

peaks of 8h PZ-PT, 16h PZ-PT, 32 PZ-PT and PZT samples at RT. 

 

 

Next, to further examine the structural characteristics, the SXRD patterns of ball-milled PZ-

PT, reference material PZT, starting powders of PZ and PT samples at 1000 K are displayed in Fig. 

5-4. The PZT, PZ and PT samples are a cubic structure at 1000 K. Therefore, as shown in Fig. 5-4, 

the peak profile observed at 1000 K is a single peak with symmetrical profile. As shown in Fig. 5-

4(a), all observed peak positions in the ball-milled PZ-PT samples at 1000 K are in good agreement 

with those of the reference material PZT sample, indicating that the ball-milled PZ-PT samples are 

PZT phase. The highest intensity of the (110) peak appears at 8 h of ball milling, which was observed 

in the insert of Fig. 5-4 (a). This observation also coincides with the highest intensity that occurs at 

8 h of ball milling at RT. Furthermore, the (110) peak of the 4h PZ-PT sample also exhibits weak 

diffraction peaks of unreacted PZ and PT, as shown in Figure 5-4(b), while the 8h PZ-PT, 16h PZ-

PT and 32h PZ-PT samples are pure PZT structural characteristics, as shown in Figure 5-4(c). These 

results also validate that the analysis in Fig. 5-2 and Fig. 5-1 is correct. That is, we can conclude 

that PZT could be synthesized in a short time. Therefore, the present experiments show that PZT 

can be synthesized by ball milling a mixture of PZ and PT powders in a sufficiently short time 

compared to that ball milling a mixture of PbO, TiO2 and ZrO2 powders.[109] 
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Fig. 5-4. SXRD profiles of the ball-milled PZ–PT and sintered PZT samples at 1000 K in the cubic 

phase. (a) SXRD profiles of the ball-milled 4h, 8h, 16h, and 32h PZ–PT samples along with the 

sintered PZT sample as a reference. (b) Comparison of the (110) peak profile of the 4h PZ–PT 

sample and those of the PZT, PT, and PZ samples. (c) (110) peak profiles of the 8h, 16h, and 32h 

PZ–PT samples and PZT sample. 

 

 

5.2 Crystal structure of Pb(Zr1-xTix)O3 

Next task is to investigate the crystal structure of the ball-milled PZ-PT samples. In this work, 

due to PZT phase was synthesized within 8 h, the samples of 4h PZ-PT and 8h PZ-PT were chosen 

to analyze the crystal structure. PZT should have a pure P4mm symmetry or P4mm + R3m symmetry 

at RT when the molar ratio of Ti over Zr close to 1.[142,143] However, as shown in Fig. 5-2, the 

ball-milled PZ-PT samples look like a pseudocubic structure at RT. Therefore, to avoid this confused 

phenomenon, first, the crystal structure was analyzed by the Rietveld method at 1000 K above TC,.  

 

5.2.1 Crystal structure of 8h PZ-PT powder 

As analyzed above, the 8h PZ-PT sample is pure PZT phase. Thus, as shown in Fig. 5-5, the 

crystal structure of the 8h PZ–PT sample has been successfully analyzed using the Rietveld method 

at 1000 K. Due to the molar ratio of PZ and PT is 1 : 1, it is natural to assume that the composition 



75

of the 8h PZ-PT sample is Pb(Zr0.5Ti0.5)O3. 

 
Figure 5-5. Rietveld fitting results of the 8h PZ-PT sample at 1000 K in a cubic system. The values 

of RWP, RI and RF are 2.97 %, 5.95 % and 6.53 %, respectively. 

 

 

To determine the accurate composition of the 8h PZ-PT sample, the occupancy of Ti and Zr 

was analyzed by Rietveld refinement. First, the occupancy of Pb and O was fixed at 1. Then, as 

shown in Fig. 5-6, by varying the value of x from 0 to 1, the lowest RWP value of Pb(Zr1-xTix)O3 is 

obtained when x is 0.515 (1), indicating that the composition of Pb(Zr1-xTix)O3 is 

Pb(Zr0.485(1)Ti0.515(1))O3. However, since the molar ratio of PZ and PT is 1 : 1, the content of Ti cannot 

exceed 0.5 if we assume that the content of Pb is 1. Thus, we speculate that a small amount of 

unreacted PZ powder may exist in the amorphous form and show no diffraction peaks, resulting in 

no contribution to the synthesis of PZT. 

 
Fig. 5-6. RWP values as a function of Ti content in the 8h PZ-PT sample at 1000 K. 
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Since the 8h PZ-PT powders with a Ti-rich composition, the crystal systems of the 8h PZ-PT 

can be assumed as a cubic (Pm m) at 1000 K and a tetragonal (P4mm) at RT. Based on the Rietveld 

analysis, as shown in Fig. 5-7(a) and (b), the crystal structure of the 8h PZ-PT sample has been 

successfully analyzed at RT in the as-synthesized state (RT0) and after the first heating/cooling 

process (RT1). While the lattice parameter a of 8h PZ-PT sample is 4.0801(4) Å at 1000 K, which 

is consistent with those of PZT bulk ceramics published in other papers, the lattice parameters a and 

c of 8h PZ-PT sample are 4.052(2) Å and 4.096(5) Å at RT0, and 4.056(2) Å and 4.072(2) Å at RT1, 

implying that the spontaneous strain at RT0 and RT1 are significantly small compared to those of 

PZT bulk ceramics. Meanwhile, we observed that the values of the isothermal vibration factor Uiso 

of Pb and O are quite larger at RT0 compared to those at RT1 and the PZT bulk ceramics. The 

structure parameters of the 8h PZ-PT sample at RT0, 1000 K and RT1 are detailed in Table 5-1. 

 

Fig. 5-7. Rietveld fitting results of the 8h PZ-PT sample at (a) RT0 and (b) RT1. AT RT0, the values 

of RWP, RI and RF are 3.44 %, 6.63 % and 5.84 %, respectively. At RT1, the values of RWP, RI and 

RF are 3.86 %, 3.27 % and 2.63 %, respectively. 

 

Table 5-1. Structural parameters of the 8h PZ-PT sample at RT0, 1000 K and RT1. 

 Atom x y z Uiso (10-2Å2) 
RT0 

a = 4.052(2) Å 
c = 4.096(5) Å 
c / a = 1.011 

Pb 0 0 0 3.41(1) 
Ti/Zr 0.5 0.5 0.529(3) 0.46(2) 
O1 0.5 0.5 0.086(4) 8.0(2) 
O2 0.5 0 0.588(6) 7.1(1) 

1000 K 
a = 4.0801(4) Å 

Pb 0 0 0 4.86(3) 
Ti/Zr 0.5 0.5 0.5 1.6(4) 

O 0.5 0.5 0 4.8(4) 
RT1 

a = 4.056(2) Å 
c = 4.072(2) Å 
c / a = 1.004 

Pb 0 0 0 1.57(6) 
Ti/Zr 0.5 0.5 0.531(1) 0.91(5) 
O1 0.5 0.5 0.090(2) 2.7(2) 
O2 0.5 0 0.591(6) 2.6(3) 
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5.2.2 Crystal structure of 4h PZ-PT powder 

As mentioned above, the 4h PZ-PT sample has some unreacted PZ and PT as impurity phases 

at 1000 K. Hence, in this Rietveld refinement, multi-phase model, i.e., PZT, PZ and PT phases, all 

with the space group of Pm m, was considered to analyze the crystal structure. The Rietveld profile 

fitting result is illustrated in Fig. 5-8. Red, cyan and green denote PZT, PZ and PT phases, 

respectively. The enlarged Rietveld fitting profile of the (110) peak is plotted in the insert, exhibiting 

a good fitting result, demonstrating that the 4h PZ-PT sample has been successfully analyzed at 

1000 K using a multi-phase model. The lattice parameters a of PZT, PZ and PT phases with cubic 

structure are 4.0801(4) Å, 4.1790(4) Å and 3.9808(1) Å, respectively, in agreement with other 

published articles. In addition, we observe that the volume ratio of PZT phase is greater than 97 % 

in the 4h PZ-PT sample, which implies that most of PZ and PT powders were transformed into PZT 

phase. The composition of PZT phase in the 4h PZ-PT sample has also been analyzed by the Rietveld 

method. As shown in Fig. 5-9, with the occupancy of Pb and O fixed at 1, by changing the value of 

x from 0 to 1, the lowest RWP value of Pb(Zr1-xTix)O3 is obtained when x is 0.509 (1), indicating that 

the composition of Pb(Zr1-xTix)O3 is Pb(Zr0.491(1)Ti0.509(1))O3. The Zr content in the 4h PZ-PT sample 

is higher than that in the 8h PZ-PT sample, due to the larger ionic radius of the Zr ion, resulting in 

a larger lattice parameter a (4.08244(1) Å) for the 4h PZ-PT sample than the lattice parameter a 

(4.08025(1) Å) for the 8h PZ-PT sample. In addition, the ratios of Zr/Ti in both the 4h PZ-PT sample 

and the 8h PZ-PT sample are very close to 1 : 1, which is the nominal molar ratio of PZ and PT, 

indicating no obvious deviation in the Zr/Ti ratio during the ball milling process. This implies that 

the PZT with any Zr/Ti composition ratio we want can be synthesized by changing the molar ratio 

of PZ and PT powders. 

 
Fig. 5-8. Rietveld fitting results of the 4h PZ-PT sample at 1000 K. The values of RWP, RI and RF 

are 3.623 %, 5.74 % and 8.39 %, respectively. Volume ratio of PZT : PZ : PT = 97.3(1)% : 1.5(1)% : 

1.2(1)%. 
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Fig. 5-9. RWP values as a function of Ti content in the 4h PZ-PT sample at 1000 K.  

 

 

Since the 4h PZ-PT sample with a Ti-rich composition, the crystal systems of the 4h PZ-PT 

can be assumed as a cubic at 1000 K and a tetragonal at RT. According to the Rietveld analysis, the 

4h PZ-PT sample has been successfully analyzed by multi-phase model, i.e., PZT, PZ and PT phases, 

at RT. The space groups of PZT, PZ and PT are P4mm, Pbam and P4mm, respectively. Meanwhile, 

the lattice parameters a and c of PZT are 4.047(2) Å and 4.080(2) Å, indicating that the spontaneous 

strain of 4h PZ-PT is also significantly small compared to those of bulk PZT ceramics. While the 

lattice parameters a and c of PT are 3.903(1) Å and 4.162(3) Å. The lattice parameters a, b and c of 

PZ are 5.8781(3) Å, 11.7774(7) Å and 8.2225(5) Å, respectively. The details of the structure 

parameters are shown in Table 5-2. 

 
Fig. 5-10. Rietveld fitting results of the 4h PZ-PT sample at RT. The values of RWP, RI and RF are 

3.841 %, 4.922 % and 4.28 %, respectively. 
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Table 5-2. Structural parameters of the PZT phase in 4h PZ-PT sample at RT0 and 1000 K. 

 Atom x y z Uiso (10-2Å2) 
RT0 

a = 4.047(2) Å 
c = 4.080(2) Å 
c / a = 1.008 

Pb 0 0 0 3.15(3) 
Ti/Zr 0.5 0.5 0.529(2) 0.25(1) 
O1 0.5 0.5 0.087(5) 6.1(1) 
O2 0.5 0 0.590(6) 4.7(3) 

1000 K 
a = 4.0824(5) Å 

Pb 0 0 0 4.75(6) 
Ti/Zr 0.5 0.5 0.5 1.3(3) 

O 0.5 0.5 0 4.4(5) 

 

 

5.3 Phase transition of 8h PZ-PT powder 

5.3.1 Upshift of phase transition temperature 

As described in Fig. 5-2, the diffraction pattern of the 8h PZ-PT sample looks like that of a 

cubic or pseudocubic symmetry at RT. Temperature dependence SXRD experiments were 

performed to investigate this confused phenomenon. Diffraction data were collected on the detector 

at 5 K intervals from RT to 1000K to obtain accurate phase transition behavior. The 2D image 

around (110) peak of the 8h PZ-PT sample is displayed in Fig. 5-11. As a contrast experiment, 

changes in crystal structure of the reference material PZT sample were also plotted in Fig. 5-11. 

Obviously, as shown in Fig. 5-11(e) and (f), from high temperature to low temperature, the single 

(110) peak splits into two peaks, the (101) peak and the (110) peak, at 640 K, indicating that the TC 

of the reference material PZT sample is 640 K for both heating and cooling processes. We observe, 

although there is no clear peak splitting of the (110) peak from high temperature to low temperature 

during heating and cooling processes, the (110) peak position of the 8h PZ-PT sample shifts more 

rapidly to the left when temperature is above a certain temperature (TC). Therefore, we consider that 

the pseudocubic structure of the 8h PZ-PT sample at RT maybe come from the small particle size 

and the small value of tetragonality (c/a), which can cause the (101) peak and the (110) peak to 

overlap at low temperature, resulting in the (110) peak looking like a single peak at RT. 
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Fig. 5-11. Temperature dependence SXRD patterns of the 8h PZ-PT sample and the reference material 

PZT sample. (a) the 1st heating, (b) 1st cooling, (c) 2nd heating and (d) 2nd cooling processes for the 8h 

PZ-PT sample. (e) the heating and (f) cooling processes for the reference material PZT sample. 

 

 

 
Fig. 5-12. Changes in the d-value and full width at half maximum (FWHM) of (110) peak of the 8h 
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PZ–PT sample as a function of the temperature during the (a) and (e) first heating, (b) and (f) first 

cooling, (c) and (g) second heating, and (d) and (h) second cooling processes, respectively. These 

data are derived by analyzing the (110) pattern of the 8h PZ–PT shown in Fig. 5-11. The TC 

determined in each process is indicated by a red arrow in each figure. 

 

 

Compared to the cooling process, we note, the peak intensity of the (110) peak is weakened 

during the first heating process, accompanied by broaden peak width. In addition, we also find that 

the diffraction intensity of the (110) peak increases rapidly above TC during the first heating process. 

Since there is no peak splitting in the temperature range from RT to 1000 K, the d-value of the (110) 

peak and the peak width (full width at half maximum, FWHM) of the (110) peak are plotted in Fig. 

5-12 in order to accurately determine the TC of the 8h PZ-PT sample. First, as shown in Fig. 5-12(f), 

(g) and (h), the peak width of the (110) peak is a constant above TC in the paraelectric phase, while 

the peak width gradually broadens with decreasing temperature below TC in the ferroelectric phase. 

Therefore, it can be clearly seen that all TC for the first cooling, second heating and second cooling 

processes are 680 K, as shown in Fig. 5-12(f), (g) and (h), respectively. Meanwhile, as shown in Fig. 

5-12(b), (c) and (d), the changes in the d-value show a bend at TC. Thus, the change in d-value also 

confirms that the TC of the 8h PZ-PT sample is 680 K during the first cooling, second heating and 

second cooling processes. Then, based on the same analysis method, we carefully investigate the TC 

during the first heating process. As shown in Fig. 5-12(e), we note that the peak width of the (110) 

peak is not a constant at temperature above TC, but decreases more rapidly in the first heating. As 

described in Fig. 5-11(a), the peak intensity of the (110) peak increases more rapidly at temperature 

above TC in the first heating. Thus, we consider that the increase in grain size of the 8h PZ-PT 

sample at temperature above TC leads to an increase in peak intensity and a decrease in peak width. 

Therefore, the TC of the 8h PZ-PT sample can be confirmed at 740 K during the first heating process, 

which also can be validated by the change of the d-value, as shown in Fig. 5-12(a). We note, the TC 

of the 8h PZ-PT sample is upshifted compared to that of the reference material PZT sample, 

especially in the first heating process. 

 

5.3.2 Mechanism of phase transition temperature upshift 

According to the above analysis, the first heated TC of the 8h PZ-PT sample is 60 K higher than 

the first cooled TC and 100 K higher than that of the reference material PZT ceramic. To explore the 

origin of TC upshift in the 8h PZ-PT sample, our studies are shown the following. According to the 

Landau theory relationship TC = αPS
2,[49] TC is strongly coupled with tetragonality (c/a), indicating 
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that high TC means large c/a. However, as aforementioned analysis, the tetragonality of 8h PZ-PT 

sample is significantly small (c / a = 1.011 at RT0 and 1.004 at RT1) compared to other published 

articles.[98] The temperature dependences of the lattice parameters of the 8h PZ-PT sample and the 

reference material PZT sample are shown in Fig. 5-13. As can be observed in Fig. 5-13, tetragonality 

of 8h PZ-PT is significantly small compared to that of reference material PZT shown in Fig. 5-13(a).  

 
Fig. 5-13. Lattice parameters of a and c as a function of temperature for the sintered PZT and 8h 

PZ-PT samples; (a) sintered PZT during the heating/cooling process, 8h PZ-PT during (b) the first 

heating/cooling process and (c) second heating/cooling process. Red exhibits the heating process 

while blue indicates the cooling process; the circle represents lattice parameter a while the rectangle 

represents lattice parameter c. 

 

Therein, to explore the origin of the TC upshift, we first consider the contribution of residual 

stresses in the 8h PZ-PT sample to the TC enhancement since the synthesis method is a 

mechanochemical solid-state reaction using dry ball milling. The residual stress in the 8h PZ-PT 

sample at RT0, RT1 and RT after the second heating (RT2) were analyzed by the Williamson-Hall 

method. In the Williamson-Hall method, the slope and intercept of the straight line indicate the 

residual strain and grain size, respectively. As shown in Fig. 5-14(a), we note, the slope ratios of the 

black, red and blue lines are close to 1, indicating that the strain ratios at RT0, RT1 and RT2 are 

close to 1. Therefore, since the residual stress at RT1 and RT2 are zero, there is no stress contribution 

at RT0. In addition, according to the Williamson-Hall method, the grain sizes of the 8h PZ-PT 

sample at RT0, RT1 and RT2 are 0.2, 1.6 and 1.7 μm, respectively, indicating that the grain size of 
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the 8h PZ-PT sample increases rapidly during the first heating process.  

The enlarged SXRD profiles of the (101) and the (110) peaks of the 8h PZ-PT sample at RT0, 

RT1 and RT2 are plotted in Fig. 5-14(b). As a comparison experiment, Fig. 5-14(b) also shows the 

enlarged plots of the (101) and (110) peaks of the reference material PZT sample at RT, indicated 

by the green line. Diffuse scattering of the 8h PZ-PT sample at the tail of the (101) and the (110) 

peaks can be clearly observed at RT0, RT1 and RT2, especially at RT0. Compared to the low and 

constant background levels of the reference material PZT sample, the background level of the 8h 

PZ–PT sample is increased by the diffuse scattering, especially at RT0, which is significantly higher. 

The degree of diffuse scattering in the 8h PZ-PT sample was partially improved at RT1 and RT2, 

resulting in lower background levels at RT1 and RT2 than at RT0, but higher than at the PZT sample. 

In this scenario, we consider that Huang-diffuse scattering comes from lattice distortion around 

lattice defects produced by the ball milling. The crystallinity of the 8h PZ-PT sample is incomplete 

due to deformation, fracture and recombination of the particles formed in the ball milling process. 

Therefore, in the first heating, the incompletely crystallized 8h PZ-PT sample requires more thermal 

energy to increase the crystallinity, which leads to an upward shift of TC. After increasing the 

temperature to 1000 K, the lattice defects were reduced and the crystallite size increased from 

submicron (RT0) to micron, indicating improved crystallinity. Thus, the first cooled TC of the 8h 

PZ-PT sample decreases compared to the first heated TC. Here, what should be emphasized is the 

highest heated temperature is only 1000 K, which is far below the sintering temperature (usually 

above1000 ℃), thus, the crystallinity of the 8h PZ-PT sample after heating is partially improved 

compared to the as-synthesized 8h PZ-PT sample, but not perfectly. As evidence to explain the 

partial improvement of the crystallinity, the (101) and the (110) peaks also overlap at RT1 and RT2, 

indicating that the tetragonality (c/a) remain a small value at RT1 and RT2. Thus, the small 

spontaneous strain of the 8h PZ-PT sample at RT1 and RT2 can be compared with the spontaneous 

strain at RT0, indicating that the crystallinity of the 8h PZ-PT sample is partially, but not completely, 

improved.  

To improve the crystallinity, the 32h PZ-PT sample was sintered at 1090 ℃ for 4 h and was 

named as 32h PZ-PT ceramic. As can be observed in Fig. 5-15, both the reference material PZT and 

the 32h PZ-PT ceramic clearly exhibit a tetragonal structure, while the 32h PZ-PT sample shows a 

pseudocubic symmetry. Meanwhile, the lattice parameters a and c of the 32h PZ-PT ceramic are 

4.0283(7) Å and 4.14181(7) Å at RT (c/a = 1.028), which coincides with those of the reference 

material PZT (a = 4.02793(5) Å, c = 4.14448(9) Å and c/a = 1.029) and other published papers,[98] 

indicating that the spontaneous strain of the 32h PZ-PT ceramic is significantly improved compared 

to that of the 32h PZ-PT, and implying that the crystallinity of the 32h PZ-PT ceramic is complete. 

Therefore, the spontaneous strain is strongly coupled to the crystallinity, with small spontaneous 
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strain coming from incomplete crystallinity and large spontaneous strain coming from complete 

crystallinity. 

 

Fig. 5-14. Evaluation of the internal strain and lattice distortion of the PZT synthesized in the 8h 

PZT–PT sample. (a) Williamson–Hall plot for evaluating internal residual strain and crystallite size. 

The slope of the graph corresponds to the degree of internal strain, whereas the crystallite size can 

be estimated from the intercept on the vertical axis. (b) Diffuse scattering observed around the (110) 

peak at RT, which resembles the Huang scattering around the Bragg peaks caused by the lattice 

distortion around lattice defects.  

 

 
Fig. 5-15. SXRD patterns of reference material PZT, 32h PZ-PT and 32h PZ-PT ceramic samples at 

RT. The labeled 32h PZ-PT ceramic indicates that the 32h PZ-PT sample was sintered at 1090 ℃ 

for 4 h. Black, red and blue lines indicate the samples of reference material PZT, 32h PZ-PT ceramic 

and 32h PZ-PT, respectively. 
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Finally, to clarify the original reason , the schematic image was shown in Fig. 5-16. As shown 

in Fig. 5-16(a), since the instantaneous high pressure generated at the collision point on the particle 

surface exceeds the hardness of the powders, the starting materials of PZ and PT powders were 

deformation and fracture into small pieces by ball milling. Then, as shown in the enlarged image of 

the collision point of the small pieces, the instantaneous high-temperature induced by the 

instantaneous high pressure provides the activation energy for synthesizing the PZT phase. The 

crystallinity of the synthesized PZT phase is incomplete because the origin of activation energy is 

mechanical rather than continuous thermal energy. Meanwhile, the lattice crystal of the as-

synthesized PZT phase has some lattice defects, such as vacancy defect of Pb and O atoms. 

Therefore, as shown in Fig. 5-16(b), more thermal energy is required to improve the crystallinity of 

the as-synthesized PZT phase in the heating process, leading to a higher TC. Since the highest heated 

temperature 1000 K is far below sintering temperature, which is above 1000 ℃, the crystallinity of 

the as-synthesized PZT phase is partially improved, resulting in the cooled TC of as-synthesized 

PZT sample is lower than the heated TC but higher than that of the reference material PZT sample.  

 

Fig. 5-16. Schematic images of (a) the synthesized process and (b) the origin of the TC enhancement. 

 

 

 

 

 

 



86

5.4 Conclusions 

Fine ceramic powder Pb(Zr1-xTix)O3 synthesized by mechanochemical solid-state reaction has 

been studied by high-energy synchrotron radiation X-ray powder diffraction. SXRD experiments 

quantitatively confirmed that PZT powder can be synthesized at RT by ball milling a mixture of PZ 

and PT powders in a considerably short time. In the 8h sample, only single phase of PZT with a 

composition of Pb(Zr0.485(1)Ti0.515(1))O3 can be detected. The spontaneous lattice strain of PZT 

synthesized by ball milling at RT is significantly smaller than that of the PZT synthesized by 

sintering with the same Zr/Ti composition ratio, which resembles a cubic structure even at RT. 

However, the phase transition temperature is approximately 100 K higher in the first heating process 

from the as-synthesized state. We consider that the common features of ferroelectric materials 

fabricated using mechanical energy are mainly low ferroelectricity, but high TC. The poor 

crystallinity by the reduction of crystallite size and the increase of lattice distortion is strongly 

relatively with the upshift of TC. The physical mechanism as to poor crystallinity increases the TC 

needs to be further studied in the future. 
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